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Lay Summary

The presence of hydrogen in metallic materials diminishes their structural durability,
rendering them more prone to failure. This poses a significant challenge in the safe
storage and transportation of hydrogen within metallic structures. Although various
material-specific micro-level mechanisms have been proposed in recent years, the precise
mechanism responsible for material failures in hydrogen-rich environments continues to
remain elusive. This research is focused on elucidating the micro-mechanics of how
hydrogen affects the durability of metals, with a specific emphasis on nickel and pipeline
steel materials. In this work, a combination of computer simulations and experimental
investigations is employed to explore the diverse micro-level, material-specific mechanisms
through which hydrogen can lead to a loss of structural durability. As the first task of
this research, computer simulations are conducted, centering around one of the many
mechanisms known as the ‘hydrogen enhanced localized plasticity (HELP)’, by which
hydrogen can lead to premature failure of metals under externally applied tensile loads.
In the second task of this work, a unique type of specially designed tensile specimens,
known as ‘tensile oligocrystals’, containing nearly one layer of grains along the thickness
direction, is employed to investigate the effect of hydrogen on the failure behavior of
nickel material. To gain a comprehensive understanding of the failure behavior of these
oligocrystals during tensile deformation under a hydrogen atmosphere, the experimental
results are first conducted and then corroborated through computer simulations. Unlike
in nickel, exposure of pipeline steels to a hydrogen environment results in near-surface
damage (cracks and blisters) even in the absence of externally applied loads. In the
third objective, the effect of these hydrogen charging-induced cracks/blisters on tensile
as well as fatigue crack growth behavior in pipeline X65 grade steel is investigated
experimentally. This thesis work contributes to the development of a material-specific,

micro-level understanding of hydrogen-induced premature failures in metals and alloys.
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Abstract

Hydrogen-induced loss in structural integrity of metallic materials is a major obstacle
to the future of sustainable and eco-friendly hydrogen-based energy solutions. The
intricate interplay between the small size of hydrogen and its complex interaction with
microstructural constituents poses formidable challenges in characterizing the site-specific
role of hydrogen in the microstructure. Consequently, despite years of research, a
common understanding of the underlying mechanism contributing to hydrogen-assisted
damage remains elusive. As a major part of this thesis work, both numerical simulations
and experimental investigations are used to elucidate the underlying micro-mechanisms
responsible for hydrogen embrittlement (HE) in Nickel. As the first objective in the present
work, a numerical framework comprising the crystal plasticity model coupled with the
hydrogen transport model is used to understand the possible failure scenarios emanating
from the hydrogen-enhanced localized plasticity (HELP) mechanism of HE. In this two-way
numerical framework, while deformation affects hydrogen redistribution, the effect of
hydrogen concentration on dislocation activities is also considered. This first study helped
in understanding the mico-mechanics of HE possible under the proposition of the HELP
mechanism. In the second objective, an oligocrystal approach is employed to study the
transition in failure mode from ductile transgranular to HE-induced brittle intergranular
fracture in nickel. To discern the exact role of hydrogen, at first different types of
tensile oligocrystals are tested at different strain rates. Thereafter these experimental
results are corroborated with a coupled crystal plasticity and phase field fracture model.
This combined experimental and numerical approach rationalized the reduction in grain
boundary cohesion energy to promote intergranular fracture in H-charged oligocrystals,
particularly along the random high-angle grain boundaries (RHAGBSs).

Similar to the other metallic materials, the hydrogen-rich service environment results
in HE in pipeline steels. However, one of the uncertainties associated with evaluating
the HE sensitivity of pipeline steels is their high susceptibility to hydrogen-induced
blistering/cracking (HIC). In the third and final objective, the role of hydrogen
charging-induced blisters on tensile as well as short fatigue crack growth behavior
in pipeline X65 grade steel is investigated experimentally. The results in this work
highlight the significant contribution of hydrogen-induced blisters (developed during the
hydrogen-charging process prior to mechanical loading) in expediting the loss of structural
integrity during the external mechanical loading of hydrogen-charged samples.

This thesis work contributes not only to the advancement of the mechanics of materials
understanding but also to the development of innovative strategies, ultimately fostering

the understanding required for a more sustainable and hydrogen-based energy economy.

Keywords: Hydrogen embrittlement, Hydrogen induced cracking, Oligocrystals, Crystal
plasticity, Phase-field, Hydrogen diffusion
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Chapter 1

Introduction

1.1 Introduction

In the pursuit of sustainable and eco-friendly energy solutions, hydrogen-based energy
emerges as a promising contender. The growing significance of hydrogen in the worldwide
energy landscape is evident from its increasing proportion in the overall final energy usage.
In 2020, hydrogen constituted a mere fraction, less than 0.1%, but projections indicate
that it is poised to escalate to 2% by 2030 and a noteworthy 10% by 2050 [2, 3, 4]. The
rising adoption of hydrogen-based energy solutions requires cost-effective materials that
can facilitate the safe production, storage, and transportation of hydrogen; which otherwise
is a major challenge due to decades-old known problem of hydrogen-induced damage to
metallic materials [5, 6, 7]. Atomic hydrogen readily dissolves in most metallic materials
and results in the loss of structural integrity of these materials. The degradation of metallic
materials induced by hydrogen was first observed by Johnson in 1874 [8] and validated
by Reynolds one year later [9]. Since then, extensive research has been conducted, and
various explanations have been provided regarding the phenomenon of hydrogen-assisted
degradation of metallic materials [5].

Dissolved atomic hydrogen in metal and alloys can induce a transition in fracture
mode during external loading from ductile to brittle, a phenomenon called hydrogen
embrittlement (HE). Hydrogen dissolved in metallic microstructure resides at normal
interstitial lattice sites and defect sites (such as dislocations, vacancies, grain boundaries,
carbides, and inclusion interfaces). Depending upon the concentration and interaction
of hydrogen with the various defect sites, different HE mechanisms are proposed
[5, 10]. In non-hydride-forming metals, modern research has identified hydrogen-enhanced
decohesion (HEDE) and hydrogen-enhanced localized plasticity (HELP) as the two most
important mechanisms responsible for HE. As per the HEDE mechanism, the reduction in
metallic bond strength induced by high hydrogen concentrations at crack tips, grain/phase
boundaries, and interfaces leads to brittle fracture [11, 12]. The HELP mechanism
suggests that hydrogen enhances dislocation mobility by the shielding or screening effect
of hydrogen on dislocations [13, 14]. The enhanced mobility of dislocations caused by
hydrogen is believed to increase dislocation densities, accelerate the formation of localized
shear bands, and influence void nucleation, growth, and coalescence, ultimately leading to
the development of premature brittle fracture. In recent years, there have been discussions
regarding the synergistic effect of more than one mechanism, such as HELP and HEDE,

which can operate simultaneously or where HELP may promote the HEDE mechanism in
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governing HE [5, 7, 15, 16].

At certain defect sites (such as grain boundaries, and matrix-inclusion interfaces),
dissolved atomic hydrogen accumulates, recombines, and precipitates the gaseous hydrogen
molecules when the hydrogen solubility limit of the material is reached. This precipitation
creates an incipient crack/blister, and the growth of this crack/blister is propelled by the
pressure of hydrogen gas trapped within it. This kind of hydrogen atmosphere-induced
damage of metals (in the absence of externally applied stress), where the driving force
for crack propagation is molecular hydrogen pressure build-up within the crack is called
Hydrogen-induced cracking (HIC) [17]. National Association of Corrosion Engineers
(NACE) specifically states that the term HIC covers the now obsolete terms of step-wise
cracking, hydrogen-induced step-wise cracking, blister cracking, and hydrogen pressure

cracking [17].

The process of HE, in general, requires an applied force and does not generally have
hydrogen gas precipitation within the material. Moreover, HE affects various classes of
metals, whereas hydrogen-induced cracking (HIC) is primarily a concern in non-austenitic
steels [5, 17]. Other metals/alloys typically do not exhibit HIC unless they are exposed
to extremely aggressive electrochemical hydrogen charging. Unlike the HE effect, where
materials may still perform in a ductile manner once hydrogen is removed, HIC is
irreversible. In HIC, cracks or blisters, once formed, will remain there even after the
removal of hydrogen. Though the process of HE and HIC is different, HE likely plays
a crucial role in the HIC process. On the other hand, the molecular hydrogen-induced
cracks and blisters are likely to act as potential sites of stress concentration during
mechanical loading thus altering the H-redistribution locally favorable for intensifying
localized activated HE mechanism. However, the integration of the HIC and HE toward

the overall H-assisted degradation of metals is the least investigated.

The small size of hydrogen atoms poses significant challenges to precisely characterize the
site-specific presence of hydrogen dissolved in the microstructure. Moreover, the intricate
dependence of hydrogen trapping and diffusion behavior on micro-mechanical factors (such
as grain size, orientation, grain boundary type, and loading conditions) further makes
the comprehension of H-assisted damage mechanics extremely challenging. To address
these challenges, one appropriate approach is to investigate H-metal interaction using
numerical simulations at diverse length scales. The length scale associated with the crystal
plasticity models makes it a more suitable choice to simulate individual contribution or
synergistic effect of multiple H-assisted mechanisms under different loading conditions
[18, 19, 20, 21]. Crystal plasticity models can be readily informed with insights gained
from atomistic and discrete dislocation dynamics simulations as well as from experimental
analysis. Therefore, to gain a comprehensive understanding of H-metal interaction
toward H-assisted degradation under different micro-mechanical conditions, the use of
crystal plasticity models coupled with hydrogen transport models and/or appropriate
fracture models seems to be a valuable and promising approach [18, 22]. Another

promising approach to comprehending the complex H-metal interaction could be the use

2
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of advanced characterization tools with relatively simple microstructural configurations,

such as bi-crystals and/or oligocrystals.

1.2 Scope and outline of thesis

Due to its relatively simple microstructure and its non-susceptibility to HIC under
moderate H-charging conditions, Nickel (Ni) as the material model is extensively used
to investigate the fundamentals of HE. In the polycrystalline configuration, Ni manifests
the HE by a transition of fracture mode from ductile transgranular (TG) to brittle
intergranular (IG) [5, 15, 18, 23, 24]. There are discussions on the role of individual
or concurrent activity of HE mechanisms (such as HELP or HEDE, HELP+HEDE,
HELP mediated HEDE among others) responsible for IG fracture, each with a magnitude
governed by local factors, such as hydrogen content, strain rate, testing temperature and
crystallographic texture among other [5, 7, 15, 25, 23]. However, despite many years of
research, the exact micro-mechanics of HE responsible for IG fracture in Ni is debatable
and still open for research. Hence, a major part of this work is dedicated to investigating
the possible scenarios of 1G fracture due to HE in Ni material using novel numerical and
experimental strategies.

Pipelines are considered a safe and economical means for the transportation of oil and
gas. Similar to the other metallic materials, the hydrogen-rich service environment can
result in HE in pipeline steels [5, 26, 27, 28]. However, one of the uncertainties associated
with measuring and evaluating the hydrogen embrittlement (HE) sensitivity of pipeline
steels is their high susceptibility to hydrogen-induced cracking (HIC) [27, 29, 30]. As the
second part of the present work, the integration of HE and HIC toward the tensile and
fatigue behavior is investigated for a pipeline steel X65 grade. This thesis work forwards
the novel simulation and experimental strategies to investigate the H-metal interaction in
metallic materials under different scenarios. The three objectives of the present work are
defined as,

1. Development of a computational framework consisting of dislocation density-based
crystal plasticity coupled with slip-rate-based hydrogen trapping model to simulate
two-way effect i.e. the role of local microstructural deformation on hydrogen

distribution and vice-versa.
2. Investigation into hydrogen assisted intergranular fracture in Ni using oligocrystal

approach.

o Experimental investigation of Hydrogen embrittlement in Ni oligocrystals.
e Development of a computational framework for simulating tensile fracture

behavior for uncharged and H-charged oligocrystals.

3. Investigation toward the hydrogen-induced blister cracking and mechanical failure

in X65 pipeline steels.
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These three research objectives of the present work are structured and elaborated upon

across seven chapters, as outlined below:
In Chapter 1, a general introduction, scope, and layout of the thesis are provided.

Chapter 2 is focused on Objective 1, dedicated to developing a computational finite
element framework for investigating the possible hydrogen embrittlement (HE) scenarios
arising from the interaction between hydrogen and dislocations under the proposition
of the HELP mechanism of HE. The developed computational framework comprises
a dislocation density-based crystal plasticity model coupled with a slip rate-based
hydrogen diffusion/trapping model to simulate the two-way effect. In the two-way effect,
while hydrostatic stresses and dislocation density affect the hydrogen re-distribution in
microstructure; hydrogen trapped at the dislocations affects the interaction strength and
multiplication/annihilation behavior of dislocations. This framework is implemented using
the UMAT (User-defined Material) and UMATHT (User-defined Material with Heat
Transfer) subroutines in commercial finite element solver Abaqus. UMAT is used to
solve the dislocation density-based crystal plasticity model, whereas UMATHT is used to
solve the hydrogen transport model. The material model presented is calibrated against
experimental tensile stress-strain data for Nickel single crystals oriented for a single slip
system (both for the uncharged and hydrogen-charged cases) using an inverse identification
algorithm. A material model with calibrated constants is thereafter extended to simulate
the hydrogen effect on the tensile behavior of single crystal oriented for multi-slip and then
polycrystal configurations. The results are discussed in terms of the potential contributions

from the HELP mechanism of HE in Nickel material failure.

Chapter 3 is focused on the first part of objective 2. This chapter includes an
experimental study aimed at examining the HE behavior of Nickel-201 alloy through
the use of miniaturized tensile oligocrystal samples. To understand the role of
microstructure in HE behavior, various types of tensile oligocrystals (True-oligocrystals,
Quasi-oligocrystals, Identical-oligocrystals, and Bi-crystal type oligocrystals) with
different microstructure (in terms of Schmid factor distribution and grain boundary
types) are generated using the combination of heat treatment and slicing method. Some
of these oligocrystals are then exposed to the electrochemical H-charging method to
introduce hydrogen. All the specimens (hydrogen-charged and uncharged) are deformed
with a constant strain rate using the mini-tensile machine. Electron backscatter
diffraction (EBSD) analysis and fractographic investigation are conducted to make a
one-to-one correlation between the microstructure and HE mechanisms. By employing
the novel identical oligocrystal approach, the macroscopic tensile stress-strain response
and microscopic fracture pattern of both hydrogen-free and hydrogen-charged conditions
are compared to provide captivating insights into the H-effect on fracture behavior. The
bi-crystal type oligocrystal samples are tested to investigate the unique contribution of
each type of grain boundary to the hydrogen-induced IG fracture. The results are discussed

in terms of the role of microstructural features and the observed activated mechanisms of
HE.



Chapter 1. Introduction

Chapter 4 is an extension of the first part of objective 2. In this chapter, the effect of
hydrogen on the tensile deformation behavior of the oligocrystal specimens is investigated
at variable strain rates. This work aims to provide a deep comprehension of the exact
contribution of deformation in hydrogen-induced IG fracture. The results obtained
from this work are discussed in terms of the significance of hydrogen diffusion during
deformation, hydrogen transport by mobile dislocations, and the activated HE mechanisms
governing IG fracture.

Chapter 5 is focused on the second part of objective 2. Based upon the observations from
experimental work in Chapter 3 and Chapter 4, in this work, a crystal plasticity-phase
field fracture model (CP-PFM) based finite element framework is developed to simulate the
macroscopic tensile response and corresponding microscopic fracture evolution behavior
for hydrogen-free and hydrogen-charged oligocrystals. This coupled modeling framework
is implemented in commercial finite element solver Abaqus using the two-layer scheme.
Layer one solves for the dislocation density-based crystal plasticity model in the UMAT
subroutine, whereas the phase field degree of freedom is solved in the UEL (User defined
Element) subroutine. The developed model accurately simulated the macroscopic tensile
response and corresponding microscopic ductile transgranular as well as brittle H-induced
IG fracture for investigated oligocrystals. The findings from this study are employed to
corroborate the observations made in the preceding chapters.

Chapter 6 is focused on objective 3, dedicated to investigating the integration of HE
and HIC phenomenon toward the degradation of the structural integrity of pipeline
X65 grade steel. During electrochemical hydrogen charging, this material exhibited
the formation of blisters and cracks (HIC) near the sample surface. First, the role of
microstructural constituents in the formation of these cracks and blisters during the
hydrogen charging process is discussed. Subsequently, to confirm the impact of these
hydrogen charging-induced blisters and cracks on mechanical deformation behavior, tensile
and in-situ short fatigue crack growth analyses are conducted. The results obtained from
this applied research highlight the significant role of hydrogen-induced blisters (developed
during the hydrogen charging process prior to mechanical loading) in expediting the loss of
structural integrity during the external mechanical loading of hydrogen-charged samples.
Chapter 7 summarized the findings in this thesis and discussed the future scope of the

work.
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Chapter 2

Coupled Crystal Plasticity -
Hydrogen Transport Model for
HELP Mechanism

2.1 Introduction

Hydrogen-induced premature failure in structural metallic materials is a foremost concern
toward the sustainable hydrogen economy. With no common consensus on the dominance
of the underlying mechanism, over the past years, multiple mechanisms are projected
as viable explanations of hydrogen embrittlement (HE) [5, 10, 31, 32]. Hydrogen
Enhanced Decohesion (HEDE) and Hydrogen Enhanced Localized Plasticity (HELP) are
the two most prevalent mechanisms [33]. As per HEDE, high hydrogen concentration
can promote the quasi-brittle cleavage type failure by reducing the cohesive strength at
grain/phase boundaries, crack tip, and interfaces [34]. HELP can be summarized as
an effect of dislocation-solute interaction to expedite localized plasticity by promoting
dislocation activities [13, 35]. The multifaceted problem of HE cannot be expounded
with one single mechanism, hence it is usually considered as a synergistic effect of more
than one mechanism [7]. Experimental investigations [15, 25] confirmed the HE by
hydrogen-enhanced plasticity-mediated decohesion (HELP-mediated HEDE). According
to the HELP-mediated HEDE mechanism, the accelerated dislocation activities induced
by hydrogen (via HELP mechanism) can increase local hydrogen concentration and
stress levels at fracture sites to promote decohesion (via HEDE) [7, 15, 25]. Depending
upon localized microstructure, solute concentration, and loading conditions, microscopic
softening instigated by hydrogen-defect interaction can result in macroscopic hardening
and/or softening [13]. To comprehend the complex HE phenomenon, and to understand
the exact HE mechanism, it is advisable to interpret the macroscopic deformation behavior
in the light of the microscopic bits of evidence i.e. defect concentration and distribution
[25]. Based upon the evidence emanating from experiments [14, 36, 37], theoretical
calculations [38, 39], and multi-scale simulations [40, 41, 42], hydrogen-dislocation
interaction emerges as the most crucial factor to comprehend the HE response of materials
[5].

Hydrogen affects the dislocation nucleation [43, 44], mobility [45, 46], and interaction
[19, 36, 47] behavior significantly. Beachem [35] observed that hydrogen enhances ductility
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(localized) by unlocking the dislocation (instead of locking) and allows dislocations to
multiply and move at lower stress levels. Sirois and Birnbaum [45] reported a decrease
in the activation-free enthalpy and the activation-free energy of dislocation slip for
hydrogenated samples. The reduction in activation-free enthalpy and the activation-free
energy indicates a lesser energy requirement for the movement of dislocations under a
hydrogen atmosphere [37, 48]. Nanoindentation studies have reported a decrease in
“pop-in” load in the presence of hydrogen and this can be interpreted as a decrease in
the load to produce dislocations homogeneously [43, 44]. In-situ transmission electronic
microscopy (TEM) investigations conducted under hydrogen atmosphere on a variety
of materials ensured an increase in dislocation mobility, decrease in spacing between
dislocations, and decrease in cross-slip probability [36]. Birnbaum and Sofronis [13]
originated the concept of “hydrogen elastic shielding” which accounts for the HELP
mechanism partially. According to this, hydrogen shields the interaction of dislocations
with elastic stress centers, consequently yields in reduced spacing in pile-ups while
enhancing the mobility of dislocations. Based upon the shielding effect mechanism,
Chateau et al. [49] introduced a ‘screening index’ to capture the relative reduction in pair
interactions in the presence of bulk hydrogen. Delafosse [39] incorporated this screening
index in classical expressions of the line energy and line tension to discuss the effect
of hydrogen on increased dislocation nucleation, weakening of dislocation junctions, and
decrease in cross-slip probability. Recently, Gu and El-Awady [40] developed a 3D discrete
dislocation dynamics framework and simulated the hydrogen elastic shielding effect similar
to the one observed in experimentation but only at high hydrogen concentration. Sills
and Cai [50] introduced the significance of interactions between hydrogen atoms on the
dislocation core region as solute-solute interactions alter the dislocation core energy.
[41, 42] performed the discrete dislocation plasticity (DDP) simulations by considering
both hydrogen elastic shielding [40] and the effect of hydrogen on the dislocation core
energy [50]. Hydrogen was observed to decrease the core energy of dislocations, which
reduced the dislocation core force. Authors referred to this as “hydrogen core force
shielding”. Similar to the “hydrogen elastic shielding”, “hydrogen core force shielding”
resulted in enhanced dislocation generation, reduction in flow stress of dislocations, and
reduced spacing in pile-ups but at much lower hydrogen concentration realistic for FCC
and BCC metals [41, 42]. The authors observed clear supremacy of hydrogen core
force shielding, whereas the contribution of hydrogen elastic shielding was negligible
at realistic (low) hydrogen concentrations. Informed by atomistic data, these DDP
simulations [40, 41, 42] complement the experimental evidence of increased dislocation
density along with a decrease in dislocation pile-ups spacing [36, 51, 52]. These small-scale
simulations on discrete dislocation level along with experimental knowledge are highly
informative. However, the length scale associated with DDP simulations puts a limit
on their use to model the synergistic role of various microstructural and external factors
affecting hydrogen distribution, segregation, and associated HE mechanisms at a larger

scale [22, 39]. The length scale associated with the finite element-based crystal plasticity
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(CP) makes it the most promising choice for simulating the interconnection of small-scale
phenomena with their macroscopic consequences. Castelluccio et al. [19] made an initial
attempt to model the hydrogen effect on the macroscopic response of Nickel (Ni) single
crystal by just varying the materials parameters informed by multi-scale simulations.
However, their argument of hydrogen-induced hardening in FCC metals by an increase in
activation energy contradicted the experimental observations. Various other researchers
[20, 21, 53, 54, 55, 56] used coupled crystal plasticity and hydrogen diffusion/trapping
model to study the role of hydrostatic stress, yield strength, hydrogen content and
plastic deformation on the distribution of hydrogen in polycrystalline materials. Recently,
Kumar and Mahajan [18] developed a dislocation density-based (one-way) coupled crystal
plasticity-hydrogen diffusion/trapping model to simulate the effect of loading conditions
on hydrogen distribution in the microstructure. However, during the event of hydrogen
embrittlement, while the evolution of hydrostatic stress and plastic deformation affects
the hydrogen distribution behavior; hydrogen concentration also affects the deformation
behavior.  Consequently, there is a requirement for a coupled diffusion-mechanics
framework capable of simulating the real-time hydrogen distribution and its effect on
defect evolution behavior controlling the overall deformation behavior in single crystal
and polycrystalline configurations. Summarizing the recent experimental observations
conducted to study the hydrogen effect (H-effect) on single crystal with single-slip
orientation, single crystal with multiple-slip orientation and polycrystals, following points
can be concluded: (a) hydrogen effect depends upon initial crystal orientation (hydrogen
resulting stage-II hardening in single-slip orientation [39, 51] can result softening in the
multiple-slip orientation [57]) (b) there is direct correlation between the hydrogen effect
on fundamental properties of dislocations and the macroscopic behavior [51, 52, 57],
(¢) configurations subjected to high degree of multiple-slip i.e. polycrystals and single
crystals oriented for multiple-slip exhibits similar H-effect on dislocation structure [52, 57],
(d) for same nominal strain level, hydrogen develops an advanced state of deformation
favourable for instigating localized failure [51, 52], (e) all the above discussed points can
be very well explained by the hydrogen-dislocation interaction under the proposition of
HELP mechanism, and lastly, (f) absence of modeling framework capable to predict these

experimental observations (a-e) accurately.

Under the impression of the above discussion, and motivated by the need, this
chapter presents a predictive coupled diffusion-mechanics framework to simulate the
H-effect ranging from single crystal to polycrystalline configurations. Dedicated to
simulating the hydrogen-assisted deformation and failure behavior emanating from the
hydrogen-dislocation interaction under the proposition of HELP mechanism, the presented
computational framework comprises a dislocation density-based crystal plasticity model
coupled with a hydrogen diffusion/trapping model to simulate the two-way effect [58, 59,
60]. In the two-way effect, while hydrostatic stresses and dislocation density is affecting the
hydrogen redistribution; hydrogen trapped at the dislocations is affecting the associated

critical stresses, interaction strength of dislocations, and multiplication/annihilation

9
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behavior of dislocations. As advisable [22], the framework is calibrated with the

micromechanical tests performed on the same materials with and without hydrogen.

The theoretical foundation of the developed two-way diffusion-mechanics framework is
detailed in Section 2.2. Section 2.3 describes the simulation results obtained for the
single-crystal and polycrystalline configurations. Obtained results are discussed in Section
2.4 comparing the macroscopic flow behavior with the microscopic dislocation structures
evolution observed experimentally for with and without hydrogen. Results show that the
proposed framework is capable of predicting the hydrogen-induced modified dislocation
structures similar to the one observed in experiments. Hydrogen-induced premature failure
emerging from accelerated dislocation activities due to the hydrogen-induced shielding
substantiates the failure caused by the HELP mechanism of hydrogen embrittlement.
Section 2.5 presents the various conclusions drawn from the present work followed by the

reference section.

2.2 Theory

2.2.1 Hydrogen diffusion/ trapping model

Hydrogen dissolved in metals is considered to reside at two sites i.e., normal interstitial
lattice sites giving hydrogen concentration as Cp, and trap sites giving the trapped part
of hydrogen concentration as Cp. Counsidering dislocations as the only kind of trapping

site in the present work, the total hydrogen trapped by dislocations lying at « slip system
Ns
a=1

by dislocations along all the slip systems at a material point. N; is the total number of

is written as C$. Hence, Cp = ) C% is the total hydrogen concentration trapped
slip systems (here for FCC Ny;=12). Accordingly, the total hydrogen concentration at a

material point is:

Ns
Crop=Cr+»_ Cf (2.1)

a=1

Considering, only Cp as responsible for diffusion, the chemical potential of lattice

hydrogen py, under the influence of hydrostatic stress (o) is [61]:

C
ur = ,u% + RTIn=L — Vaon (2.2)
Ny,

where ,u% is the reference lattice chemical potential, R is the universal gas constant, T is
the absolute temperature, Ny, is the number of lattice sites and Vg is the partial molar
volume of hydrogen in metals. Considering the evolution of total hydrogen concentration
in an enclosed volume dV of a metallic microstructure equal to the net hydrogen flux,
J, at the surface with unit normal vector n, and surface area dS, the mass conservation

equation takes the form as,

10
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B S
E/V(CL +;CT)dV+/SJ.ndS— 0 (2.3)

The hydrogen flux through the surface can be expressed as,

DiCp
RT

J= V,uL (2.4)

where Dy, is the diffusion coefficient for hydrogen. On substituting the expression of

chemical potential eqn. (2.2) in eqn. (2.4), we get

D CLV,
J=-D,VCp+ %VUH (2.5)

By using the eqn. (2.5) in eqn. (2.3),

P Al DLCLV,
= / (CL+)_CHdV + / (~DVO,+ o) ndS =0 (2.6)
ot )y o s RT

Using the divergence theorem, the above equation can be rewritten as,

oL | g
ot ot

D.CLVy
RT

V.(DLVCL) + V( VO'H) =0 (2.7)

Considering the occupancy of hydrogen atoms in lattice sites as 61, and the occupancy
of hydrogen in dislocations at « slip system as 07, the hydrogen concentrations in lattice

and trap sites can be written as:
Cp =0rNp, & Ce = 0 NG (2.8)

where, N7 is the trap density along « slip system. For FCC materials N7 is expressed in

terms of the total dislocation densityp®, as [62],

pe Yol (29)
where, a is the lattice parameter, N4 is the Avogadro number. The equilibrium between
the occupancy of the hydrogen atoms in lattice and trap sites is given by Oriani [63]. Here,
it is assumed that the distribution of hydrogen between the lattice sites and dislocation
cores lying along a particular slip system could be achieved by using the Oriani equilibrium
[63] as, .

a fTe%) =4 ﬁLeL) exp (—W,/RT) (2.10)

where Wj, is the trapped binding energy assumed to be independent of the slip system.

Using the eqn. (2.10), the concentration of hydrogen trapped at dislocations along « slip

11
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system can be obtained as,
O NF Ko

(1 — QL) + K70y,

g = (2.11)

where, a constant Kp = exp (—W},/RT) is used. Following Krom et al. [64] and Kumar
and Mahajan [18] the partial derivative of the trap hydrogen concentration with respect

to time is defined as,

oCs  0CH 0Cy,

ot 0CL ot

where, N& = N%(p*(|7*|)). The rate of change of N with plastic flow i.e. with the
T T T

evolution of dislocation density is given as:

+ 0§ NG (2.12)

. 8]\](]’ apa
=L 2.1
P = Gk gl (213)
Using eqn. (2.13) in eqn. (2.12),
ocg oCcKoC , ONS Ip*
o~ a0, o O g gyall| (214)
Following eqn. (2.11) we have,
« o
oc%  KpNLNG (215

oCL,  (Np+ (Kr —1)Cp)?
Using the aforementioned equations in the mass conservation eqn. (2.7), a slip rate-based

hydrogen diffusion/trapping model (an adaptation from [64]) can be written as,

N
6CL DLCLVH
(1 + Z 8CL> ;. ~ V(DLVCp) + V. (TVUH)

+Z( 8Npo it a|>

As perceptible, in the above hydrogen diffusion/trapping model, the calculation of the

(2.16)

hydrogen distribution is coupled with the hydrostatic stress and plastic deformation. This
model accounts for the continuous evolution of both interstitial lattice sites and trapping
site occupancies with plastic deformation and hydrogen diffusion at any given location.
The last term in the hydrogen diffusion/trapping model, eqn. (2.16), is the slip-rate factor
(SRF) balancing the total hydrogen concentration Cr,: at a given location by facilitating a
corresponding reduction in C';, and subsequent rise of C; due to the increase in trap density
during plastic deformation [18]. Note that the dislocations are considered as trapping sites
only, H-transport by the dislocations needs additional considerations [62] which are not

considered in this work.
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2.2.2 Crystal plasticity model
Kinematics

Following the multiplicative decomposition [65], the total deformation gradient, F reads

as,
F =F.F, (2.17)

where F,, is the lattice-preserving inelastic deformation gradient that maps to the plastic
configuration and F, is an elastic deformation gradient that maps from the inelastic to

the deformed configuration. The velocity gradient, L can be written as,
L=L,+F.L,F. ' (2.18)

where, L, = F.F_! is the elastic distortion-rate tensor and L, = FPF; ! is plastic
distortion-rate tensor. In the used crystal plasticity framework, the plastic velocity

gradient L, is composed of slip rates ¥* on each slip systems as,
N
L,=F,F,' =) 4" s"om" (2.19)
a=1

where, s% and m® are the orthonormal vectors in the direction of slip and normal to slip
plane respectively, for a slip system. '®’, symbolizes the tensorial product. Second Piola

Kirchhoff stress, S in the intermediate configuration is given as,

. FzFe - I

S=C 5

(2.20)

where, C¢ is fourth order anisotropic elastic stiffness tensor and I is an identity tensor.

The resolved shear stress along « slip system is determined as,
7¢9=8:s5"@m" (2.21)

The Cauchy stress, o in the current configuration is obtained using push forward approach
as,
o = det(F.)"'F.SF. " (2.22)

Flow rule and hardening law for dislocation density-based CP model

The slip-rate 4 along « slip system is determined as [66],

n

sign(r® — (&) (2.23)

. g

% = p®buo

c

where, n is strain-rate sensitivity, b is the Burgers vector length and vy is reference
velocity. p®, 7* and 7 are the dislocation density, resolved shear stress, and critical

resolved shear stress respectively, along « slip system [67]. ¢f* is the back stress on « slip
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system introduced to account for the kinematic hardening. The evolution of the resolved

backstress follows the nonlinear Frederik-Armstrong type hardening as,

G =y — a3 G" (2.24)

where, ¢1 and ¢o are material dependent parameters. Also, the accumulated slip on « slip
system is defined as 5. = /Ot |7%|dt. Following Mecking and Kocks [68], the dislocation
density on slip system « is considered to emerge from the balance between the dislocation

multiplication and annihilation along that slip system, as:

/.)a = (kmulti\/ P — kannihpa)‘f:/ﬂ (2.25)

where, kit and kgnnin are the constants related to dislocation multiplication and
annihilation, respectively. During deformation, hardening is controlled by the evolution of
dislocation density and strength of interaction among dislocations on various slip systems.
Following the generalized Taylor equation [69], critical resolved shear stress is defined as
[70],
Ns
T =TF + by | Y Xasd”
p=1

(2.26)

where 7’}’ is the strain-independent initial slip resistance on slip system a due to frictional
resistance and solute atoms, here assumed to be same on all the slip systems. c3 is
a fitting constant. x.g is the Taylor co-efficient matrix representing the strength of
interactions between various slip systems [69]. In FCC crystals with 12 slip systems,
the x5 contains 122 coefficients that can be reduced to six independent constants using
symmetries. These coefficients are associated with six types of interactions in dislocation
on various slip systems (see Appendix-I). Dislocations gliding on parallel slip systems
involve the self-interaction (ag) and coplanar (aq) interaction coefficients. The remaining
four coefficients account for the interactions between non-coplanar slip systems such as
Hirth locks (as), collinear interactions (as), glissile junctions (a4), and Lomer—Cottrell
locks (as). Collinear interactions are considered to generate a strong hardening effect
due to the partial annihilation of gliding collinear dislocations segments resulting in the
generation of highly curved dislocations that require a higher stress to recover a flowing
state [71].

2.2.3 Two-way coupling

During the event of hydrogen embrittlement, while the stress state affects the hydrogen
redistribution, hydrogen concentration also affects the stress-strain response of materials
by altering local deformation behavior. In the proposed crystal plasticity model,
dislocation activities govern the overall material deformation response. Solute hydrogen
segregated at the core of dislocation alters the dislocation interactions behavior and

hence the evolved stress-strain response [41, 50]. The occupancy of hydrogen trapped at
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dislocations (0% = %) is assumed as a key quantity to capture the effect of hydrogen on
dislocation activities. 7 = 1 narrates that all the trap sites at dislocations along the « slip
system are fully occupied and give an upper bound for the effect of hydrogen on dislocation
activities. 6%, derives its value from lattice occupancy (hence from Cy,) and trap binding
energy of dislocations (W}). In FCC, commonly reported trap binding energy (W) of
dislocation is —10 kJ/mol, whereas in BCC it is —50 kJ/mol [62]. Traps with W = —50
kJ/mol will saturate at lower C, values whereas traps with W, = —10 kJ/mol saturate at
relatively very high C},. Selection of 0% as coupling factor can relate the HE at relatively
low hydrogen concentration in BCC comparison to FCC materials. Hydrogen-induced
shielding (elastic shielding [13] and /or core force shielding [41, 42] accounting for the HELP
mechanism) reduces the critical activation stress of Frank-Read sources and accelerate the
expansion of dislocation loops [40, 41, 42]. This constitutes an increase in the dislocation
multiplication rate. Also, the hydrogenated materials exhibit slip planarity due to the
reduced probability of cross-slip, which inhibits the onset of dynamic recovery [37, 39].
Parameters kit and kgpnip in dislocation density evolution law (eqn. (5.11)) denotes the
dislocation multiplication and annihilation kinetics, consequently to capture the hydrogen
effect on dislocation generation and annihilation rate these parameters are assumed to
depend upon 6%. Accordingly, the dislocation evolution law used in the current CP model

(eqn. (5.11)) is modified to capture the role of hydrogen on dislocation evolution rate as:

P = (ki VP™ = Kerin0®) 7% (2.27)
with
kel = (14 109 kit (2.28)

kgultzv capture the effect of hydrogen on dislocation storage rate per slip system. The high

H

valueof k> ...

corresponds to an increase in dislocation multiplication rate. Accordingly, to
capture the increased dislocation generation rate under the hydrogen atmosphere constant
l. is assumed to take a positive value. On the other hand, kgmih captures the effect of
hydrogen on the annihilation rate as:

kH (1 + k(ﬂ%)kanmh (229)

annih —

The small value of kgmih corresponds to a decrease in the annihilation rate. Accordingly,
to capture the role of hydrogen toward the decrease in annihilation rate (due to a decrease
in annihilation distance and stacking fault energy; hence decreases in cross-slip probability
under hydrogen) constant k. is assumed to take a negative value.

Apart from the increase in the dislocation density, the hydrogen-induced shielding effect
toward the weakening of interaction strength of dislocations can be captured by decreasing
the coefficients of interaction matrix (xag) [22]. Castelluccio et al. [19] considered
the weakening of the self-interaction coefficient only to explain hydrogen-induced closed
spacing in dislocation pile-ups, whereas Yu et al. [47] reported the weakening of Lomer

junction strength for FCC material under hydrogen atmosphere. Based upon the multiple
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DDP-based observations, Tarleton [22] recommended considering the H-effect on the
whole interaction matrix. To the best of the author’s knowledge, it is still not clear
whether hydrogen affects all types of dislocation interactions equally or in different
magnitudes. To explore the possible H-induced failure scenarios (developed by HELP
mechanism alone or in support with additional mechanisms) due to the mutual interactions
of hydrogen-induced increase in dislocation density along with weakening of dislocation
interactions behavior, here we have considered two different situations as:

Case 1- Hydrogen reduces the strength of all types of dislocation interactions equally
[22]. To account for the equal effect of hydrogen-induced-weakening of all type dislocation

interactions, x,p in eqn. (2.26) is replaced with:

Xhs = (14 He6%)xap (2.30)

where [, is a constant with a negative value indicating the hydrogen-induced decrease in
interaction strength.

Case 2- Hydrogen reduces the strength of the self-hardening coefficient only [19].
Accordingly, only coefficient ag in x,s (in this case, rest of the components of x,5 will

remain unaffected) is replaced with:
all = (1+ a.0%)ao (2.31)

where a. is a constant with a negative value indicating the hydrogen-induced decrease in
interaction strength.

The role of hydrogen in yield strength is quite complicated. Structural materials may
exhibit an increase or decrease in yield strength depending upon the propensity of
dislocation pining due to solute drag effect, vacancy-hydrogen complex formation, and
surface-damage /blister formation, which further depends upon crystal structure, material
purity, test temperature, hydrogen concentration, and strain rate [72, 73, 74]. To restrict
attention only to hydrogen-dislocation interaction accounting for the HELP mechanism,
other phenomena such as solute drag and vacancy concentration effect are not considered
in this work. However, the effect of hydrogen on yield strength is incorporated by changing,
7§ in eqn. (2.26) to T]?H = (1 + 1c07)7f. Here, constant 7. assumes sign and value as
per the effect of hydrogen on yield strength. Note, a linear dependence of the affected
parameters (whole interaction matrix or the self-interaction matrix element only, initial
slip resistance, dislocation multiplication and annihilation) on hydrogen (by 6% ) is assumed
as first approximation adapted from the recommendation based upon DDP [22] and crystal

plasticity simulations [60, 75].

2.2.4 Numerical implementation

A summary of governing equations and boundary conditions for the coupled
displacement-diffusion problem is provided in Appendix-II. The proposed modeling
framework is implemented using UMAT (User defined Material) and UMATHT (User
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defined Material for Heat Transfer) subroutines in the commercial finite element solver
Abaqus. UMAT is used to solve the dislocation density-based crystal plasticity model,
whereas UMATHT is used to solve the hydrogen diffusion/trapping equation (following
the analogy between heat transfer and diffusion equation exploited in earlier work by
[76]). To solve the hydrogen diffusion equation in UMATHT, the gradient of hydrostatic
stress is calculated using the procedure as in [21]. The gradient of hydrostatic stress,

. . . . ONS Op™ . . .
slip-rates along slip systems, derivatives such as o and g% obtained from the previous

converged time increment are then provided to UMATHT to solve the slip-rate-based
hydrogen diffusion/trapping model and to provide hydrogen distribution in the current
time increment. To implement a two-way coupling scheme for capturing the role of
hydrogen on crystal plasticity parameters, 6% from the previously converged time step

is provided to the UMAT to solve the mechanical behavior at the current time increment.

The material model presented here is calibrated against the experimental stress-strain
curves for Ni single crystal. The parameter identification has been performed using a least
square method, using a python script based on the Abaqus 2020 library. This script is
directly launched in the CAE console of Abaqus using the SciPy optimization tool [77]
and the Nelder-Mead algorithm which has been shown to be the more efficient for other
H-related inverse parameter identification [78]. The implemented optimization strategy
performs crystal plasticity finite element simulation(s) and tries to minimize the chosen
objective function (OF) by adjusting the parameter space over iterations. In the present
work, the deviation between the simulated and experimental single-crystal stress—strain
data served as the objective function for calibrating the constitutive crystal plasticity
parameters. Figure 2.1a illustrates the general layout of the used optimization strategy
(see [T9] for more details). The optimization algorithm is used in two steps. In the first
step, the crystal plasticity parameters are calibrated to replicate the tensile behavior of
Ni single crystal without hydrogen. With these calibrated crystal plasticity parameters,
in the second step hydrogen effect is captured by optimizing the ., k., H. or a. and T,

parameters.

Experimental tensile stress-strain curves of Ni single crystal with (—167) orientation
(favor initial single slip system activation) obtained for hydrogen charged and uncharged
conditions (see, Fig. 2.1b and Fig. 2.2a) from the work of Yagodzinskyy et al. [1] are
used as reference data for calibration purpose. The tensile curve for (—167) orientation
exhibits stage-I followed by stage-IT hardening behavior. The addition of hydrogen results
in an extension of stage-1 with delayed onset of stage-II followed by an increase in stage-II
hardening [1, 39, 51]. This complexity in tensile behavior (with and without hydrogen)
makes this particular orientation a perfect candidate for a good calibration process.
However, the hydrogen effect depends upon the crystal orientation, also the polycrystalline
microstructure favors the high degree of multi-slip systems activation controlling the
overall deformation behavior [52, 57]. Consequently, to validate the generality of the
proposed framework, and to gain a thorough understanding of the hydrogen effect on single

crystal to polycrystalline configurations, after validating on single crystal with single-slip
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configuration, simulations for single crystal with multi-slip orientation and polycrystals

were performed.
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Figure 2.1: (a) Schematic of optimization algorithm and (b) stress-strain curve of Ni single
crystal with (—167) orientation without hydrogen. (Experimental data adapted from [1])

The single crystal simulations are performed on full dog bone shape tensile specimen
(with dimensions of gauge section as 0.3 x 3 x 8 mm?®) similar to the one used in the
experimental work of Yagodzinskyy et al. [1]. For polycrystal simulation, an artificial
microstructure of size 500 x 500 x 5 pm? containing 30 randomly oriented columnar
grains obtained from Neper software [80] is imported to Abaqus using python scripts [81].
For polycrystal, grain boundaries are considered as simply the boundary between two
adjacent grains of different orientations (i.e. no special treatment in terms of diffusivity,
binding energy, slip transmission, etc. is provided [18]). C3D8T-type elements are used
for all types of simulations. All the simulations are performed under a uniform strain
rate of 9.0 x 107° s~!. For simulation under a hydrogen atmosphere, all the samples are
assumed to be precharged with uniform initial lattice hydrogen concentration. Also, the
specimen boundaries are assumed as insulated so that there is no flux of hydrogen away

from the specimen.

2.3 Results

2.3.1 Tensile behavior of single crystal oriented for single-slip

Inverse identification strategy identified pg, kmuiti, and kqnnin as adjustable parameters to
match the simulated stress-strain curve of Ni single crystal oriented for easy glide region
with experimental data. Figure 2.1b presents experimental and simulated uniaxial tensile
curves obtained after optimization for Ni single crystal (without hydrogen) with tensile
axis aligned with (—167) orientation. A good agreement between the experimental and
simulated stress-strain curves in terms of yield stress and hardening behavior shows a
successful calibration of the CP model parameters. The proposed model replicates the
typical stage I and stage II deformation behavior for (—167) orientation [1]. Table 2.1

presents the values of constitutive as well as calibrated CP parameters. Table 2.2 presents
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the value of parameters used in the hydrogen diffusion/trapping model. After optimizing

the CP parameters for uncharged condition, inverse optimization was applied to identify

ley ke, He or a¢, and T, parameters to replicate the hydrogen effect on the stress-strain

curve. Two different sets of values for these constants obtained for Case 1 and Case 2 are

shown in Table 2.3.

Table 2.1: The crystal plasticity related parameters used in model

Parameter Symbol | Magnitude | Units Reference
Cll 246 GPa
Elastic constant Cia 147 GPa [75]
C44 124 GPa
Inverse strain-rate sensitivity n 20 - [18]
Burgers vector length b 2.5 x 1077 mm [18]
Slip systems Ny 12 -
Initial dislocation density 00 9.3 x 10° mm ™2 Calibrated
Reference dislocation velocity v 5 mm-s~! [18]
Dislocation multiplication const. | Kt 303503 mm ™1 Calibrated
Dislocation annihilation const. Kannih 10 - Calibrated
Initial slip resistance ¢ 4 MPa | Assumed a priori
Scaling constant c3 1.0 - Assumed a priori
Back stress parameter c1 200 - Assumed a priori
Back stress parameter &) 100 - Assumed a priori
ag 0.122 -
ay 0.122 -
Interaction coeflicients as 0.058 - [82]
as 0.658 -
ay 0.137 -
as 0.122 -

Table 2.2: Hydrogen diffusion/trapping model related parameters

Parameter Symbol | Magnitude Units Reference
Number of lattice sites Ny, 9.14 x 10~* mol-mm 3 [75]
Dislocation binding energy W —10 kJ.mol ™! [83]
Initial lattice H concentration Cro 1.57 x 1077 mol- mm ™3 -
Hydrogen diffusivity Dy, 6.0 x 1078 mm? - s [84]
Partial molar volume of H Vi 2000 mm? - mol ! [84]
Temperature T 300 K -
Lattice parameter a 3.52 x 1077 mm
Gas constant R 8314 N-mm- mol~! - K1 -

Table 2.3: Hydrogen fitting constants

Model type | . ke H,. or a, T.
Case 1 47.0 | -89.0 | -91.0 (H,) | 528.0
Case 2 15.0 | -55.0 | -75.0 (a.) | 185.0

Figure 2.2a presents the simulated tensile stress-strain curves obtained with calibrated

parameters for hydrogen-charged and uncharged conditions.
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conditions, Case 1 and Case 2 resulted in the same tensile curve as they are calibrated
against the same experimental data. Hydrogen-induced increase in yield strength, delay
in onset of stage II, and increase in stage II hardening are replicated. Consistent with the
Schmid factor calculations, slip system B4 (refer to Appendix-I for used Schmid and Boas
notation of slip systems) dominated as the primary slip system for hydrogen-charged and
uncharged conditions. This was followed by the activation of A3 as the next dominant
slip system during tensile deformation under all conditions. Contribution from the rest of

the slip systems was relatively insignificant, hence, not discussed further.
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Figure 2.2: Simulated (a) stress-strain curves and (b) accumulated slip evolution on
primary and secondary slip systems for single crystal with (—167) orientation without
and with hydrogen (Case 1 and Case 2)

In contrast to the uncharged condition, both cases under hydrogen charged condition
resulted in an increased accumulated slip on the primary slip system (B4), while
accumulated slip decreased on the secondary slip system (A3) (see Fig. 2.2b). More
localized slip on the primary slip system in Case 2 than in Case 1 (as shown in Fig. 2.2b)
is due to the difference in calibration parameters used for both cases under hydrogen
conditions. Figure 2.3 presents the dislocation density for hydrogen-charged and uncharged
conditions. Hydrogen charging increased the total dislocation density for both the cases
considered here. However, hydrogen increased the dislocation density on the primary
slip system while it decreased on the secondary slip system. Figure 2.3 signifies that
enhanced total dislocation density under hydrogen arises from the increase in dislocation
density on the primary slip system. Hydrogen-induced slip localization with an increase
in dislocation density on a particular slip system is considered to emerge as closely spaced
dislocations with planar structure. Under hydrogen-charged conditions, Case 1 experience
a strong softening effect due to hydrogen-induced weakening of all type of dislocation
interactions, whereas the softening effect is moderate in Case 2 as only self-hardening is
compromised. Hence, to exhibit the same tensile flow curve in both cases, Case 1 exhibits
higher dislocation density than Case 2 (see Fig. 2.3).

Figures 2.4(a-d) are showing the variation in lattice occupancy 6r, trap occupancy 0y =
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Figure 2.3: Dislocation density on primary slip system (B4), secondary slip system (A3),
and total dislocation density at the end of deformation for single crystal with (—167)
orientation without and with hydrogen (Case 1 and Case 2

~—

>~ 6%/12, total trap concentration Cp and total dislocation density with strain for both the
hydrogen charged cases. With increasing strain value, an increase in dislocation density
and total trapped hydrogen concentration (Cr) can seen in Fig.2.4c and 2.4d, respectively.
On the contrary, a decrease in lattice occupancy (61) and trap occupancy (61) with strain
level can be seen in Fig. Fig.2.4a and 2.4b, respectively. As the lattice H-concentration
is (i.e. Cp = 01N, with N, as constant) is governed by the 67, only, a decrease in Cf,
can also be understood. Moreover, as per Oriani’s equilibrium, the 67 or 6% drives its
value from the 67, (hence Cp), accordingly with decrease in 6, the trap occupancy Op
is also decreasing. This further implies that with increase in Cp at a material point,
the hydrogen availability per trap at that point will decrease. Accordingly, the effect of
hydrogen on dislocation activities and critical resolved shear stress value (which derives
its value as collective effect of hydrogen on dislocation multiplication, annihilation and
interaction for case 1 and case 2) will decrease with the strain evolution. Moreover, a
different values of 0y, 6 and Cp with strain for both the H-charged cases is due to
the difference in dislocation density evolution. It is further to emphasize here that in
the currently developed model, the lattice hydrogen concentration at material points is
driven by the gradient of the hydrostatic stress. For the case of uniaxial tension test in
single crystals the hydrostatic stress is nearly uniform throughout the gauge section (also
reported earlier by [75]) i.e. there are no hydrostatic stress peaks at which there will
be significant accumulation of lattice hydrogen. Hence, it is only the plasticity (Nr in
C7) which results in increase in Cp at the expense of 67, (hence Cp) to balance the total
hydrogen concentration. However, the decrease in ;, over the course of deformation can
be seen to be less than 1 %. This indicates that the initial hydrogen concentration (H
inserted during the charging) has a more significant impact on the single crystal’s behavior,
while the effect hydrogen redistribution appears to be relatively insignificant. However,

in polycrystals, there is always significant heterogeneity in hydrostatic stress as well as
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plasticity levels which can affect the H-redistribution.
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Figure 2.4: Evolution of (a) 0z, (b) 07, (¢c) Cr, and (d) total dislocation density for single
crystal oriented for single-slip

2.3.2 Tensile behavior of single crystal oriented for multi-slip

CP and hydrogen-related parameters calibrated for single-slip orientation are also applied
to simulate the effect of hydrogen on a single crystal with multi-slip orientation (001).
Figure 2.5a presents the tensile stress-strain curve without and with hydrogen for this
orientation. The uncharged sample exhibited the absence of stage I and linear hardening
in stage II (typical for multi-slip orientation) with overall tensile flow behavior in close
approximation to experimental results [57, 85]. Hydrogen addition exhibited an increase
in yield strength followed by two extreme conditions of macroscopic softening (for Case 1)
and hardening (for Case 2) in reference to the uncharged conditions. Figure 2.5b presents
the total dislocation density evolution in uncharged and hydrogen-charged samples for
(001) orientation. As also observed for (—167) orientation, in (001) orientation hydrogen
charging increased the total dislocation density for both Case 1 and Case 2. Case 1,
however, exhibited a high dislocation density in comparison to Case 2. Despite the
high evolution rate of dislocation density, Case 1 exhibit low hardening rate than Case

2. In multi-slip orientation, all types of dislocation interactions in y,g contribute to
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the hardening rate significantly. In Case 1, hydrogen weakens all types of dislocation
interactions; whereas in Case 2, only self-hardening is compromised due to hydrogen
with no effect on the rest of the dislocation interactions type. Consequently, in Case 1
strong effect of hydrogen-induced-weakening of dislocation interactions is dominating the
increased hardening rate due to an increase in dislocation density. On the contrary in Case
2, since only the self-hardening component is getting affected, a moderate softening effect
is dominated by the hardening effect of hydrogen-induced increase in dislocation density.
In view of these observations, a comparison of tensile curve behavior specific to Case
1 of single-slip and multi-slip orientation indicates that simulated same HE mechanism
that yields hardening at single-slip dominated orientation can cause softening in another

(multi-slip) orientation.
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Figure 2.5: Simulated (a) stress-strain curve and (b) total dislocation density evolution of
single crystal oriented for multi-slip without and with hydrogen (Case 1 and Case 2)

Specific to the investigated multi-slip orientation, a total of eight slip systems (A2,
A3, B2, B4, Cl1, C3, D1, D4) with the same Schmid factor were activated. During
the course of deformation, activated slip systems exhibited an insignificant difference
in the evolution of accumulated slip for uncharged and both hydrogen-charged cases
(see Appendix-11T). Moreover, hydrogen (for both cases) increased the dislocation density
on all the activated slip systems (see Appendix-III), unlike in the single-slip orientation
where dislocation density increased on one of the slip systems (primary slip system) while
decreased on the other (secondary) slip systems. An insignificant difference in the slip
accumulation behavior on the activated slip systems for uncharged and hydrogen-charged
cases corresponds to the experimental observation that hydrogen does not alter the
formation process of dislocation structures for this multi-slip orientation [57]. Moreover,
using the similitude concept [52], an increase in total dislocation density can be linked with
relatively small cell size observed experimentally for multi-slip dominating configurations.
Lawrence et al. [85] reported a hydrogen-induced increase in yield strength and hardening
rate (as observed for Case 2). In contradiction to Lawrence et al. [85], with nearly similar

hydrogen concentration Ghermaoui et al. [57] reported a hydrogen-induced increase in
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yield strength followed by a decrease in hardening rate (as observed for Case 1). Moreover,
[67] reported a hydrogen-induced decrease in dislocation cell size but with decreased
dislocation density, which contradicts the increase in dislocation density simulated for Case
1. The disparity between the experimental results of Lawrence et al. [85] and Ghermaoui
et al. [57] along with the observed disparity for simulated dislocation density for Case 1
with experimental observation put forward the need to investigate other factors such as the
role of hydrogen on vacancy formation, interaction of dislocations with vacancy-hydrogen

complexes which otherwise is not in the scope of present work.

2.3.3 Tensile behavior of polycrystal

In polycrystalline microstructure, grain level elastic and plastic anisotropy results in a
variation of stress-strain distribution throughout the microstructure. During deformation,
while the evolution of hydrostatic stress and plastic deformation affects the hydrogen
distribution; hydrogen concentration is also affecting the deformation behavior. Unlike
the case of single crystals with nearly homogeneous hydrostatic stress distributions,
polycrystals exhibit significant variation in hydrostatic stress as well as in plastic
deformation. To simulate the effect of hydrogen on multigrain systems, an artificial
polycrystal with randomly oriented grains is generated (see Section 2.2.4 for detailed
procedure). Figure 2.6a presents the initial microstructure containing 30 columnar grains
with random crystallographic orientation (inverse pole figure (IPF) key in Fig. 2.6b).
The simulation model for the polycrystal after meshing in Abaqus is shown in Fig. 2.6c.
The polycrystal model is subjected to displacement-controlled uniaxial tension in the
Y-direction. During the loading process, all the surfaces stay flat through the linear

constraint method to approximately ensure periodicity.

(b) ()

Figure 2.6: (a) Polycrystal with randomly oriented grains generated with Neper, (b)
inverse pole figure (IPF) key for the grains in figure (a), and (c¢) finite element mesh
obtained from Abaqus

Figure 2.7 presents the evolution of hydrostatic stress, lattice hydrogen concentration,
trap hydrogen concentration, and total hydrogen concentration in microstructure at the

end of deformation. Figure 2.7(a,d,g, and j) presents the results of one-way coupling
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only i.e. deformation can alter the hydrogen distribution but hydrogen concentration
has no effect on the stress-strain behavior. Figure 2.7(b,e,h,k) and 2.7(c,f,i,]) present
the results of two-way coupling for Case 1 and Case 2, respectively. A significant effect of
hydrostatic stress distribution on the evolution of lattice hydrogen concentration is evident
from Fig. 2.7(a-f). Lattice hydrogen is diffusing from the low hydrostatic stress to the high
hydrostatic stress region as also reported earlier [20, 21]. Initial hydrogen concentration,
trap concentration (dislocation density), and the associated trap binding energy considered
for the current material system resulted in trapped hydrogen concentration almost two
orders lower than the lattice hydrogen concentration. Consequently, the distribution of
total hydrogen concentration is dominated by the lattice hydrogen concentration (see Fig.
2.7 (j-1)) with the trivial effect of trap hydrogen concentration. This observation is similar
to the already reported results by Ilin et al. [53] and Hussein et al. [20]. As a result of
these observations specific to the current material system, hydrostatic stress gradient is

concluded as a dominating factor to control hydrogen concentration distribution.

Different crystal orientations of the adjacent grains experience different hydrostatic stress
across the grain boundaries. High heterogeneity in oy at the grain boundaries resulted in
local high Cr, (and hence Cry;) near the grain boundaries and triple junctions. Relatively
high hydrostatic stress gradient resulted in a comparatively high gradient in Cf, throughout
the polycrystal for Case 2 than the other two cases. Figure 2.8 presents the contour plots
of total dislocation density for hydrogen-charged and uncharged conditions. Trapped
hydrogen accumulated at the regions of high dislocation density (see Fig. 2.7(g-i) and Fig.
2.8). Hydrogen charging increased the dislocation density as well as fortified heterogeneity
in the distribution for both Case 1 and Case 2. However, Case 1 resulted in relatively high
dislocation density, subsequently higher values of C'p than the one-way model and Case 2
(see Fig.2.7 (g-1)).

Figure 2.9 (a and b) presents the stress-strain curves and corresponding total dislocation
density evolution obtained for one-way, Case 1 and Case 2. In comparison to the one-way
model, polycrystal exhibited hydrogen-induced macroscopic softening and hardening for
Case 1 and Case 2, respectively. Each randomly oriented grain in polycrystal experiences
a different number of active slip systems with a significant role of all types of dislocation
interactions during deformation. In Case 1, hydrogen reduces the strength of all types
of dislocation interactions resulting in a strong softening effect, whereas in Case 2
only self-hardening is reduced by hydrogen resulting in a moderate softening effect.
Consequently, for Case 1 even if the dislocation density is high the softening effect is
dominating and results in overall macroscopic softening after hydrogen charging. However,
for Case 2, the moderate softening effect is dominated by the dislocation density induced
hardening (even the dislocation density is lower than Case 1) and hence resulted in
macroscopic hardening (see Fig. 2.9a for tensile curves). These results highlight the
important role of hydrogen on macroscopically observed softening or hardening emerging
from the trade-off between the hydrogen-induced microscopic softening (emerging from

weak dislocation interactions and decreased stress to bow out the dislocation under the
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Figure 2.7: The evolution of (a-c) hydrostatic stress (og) (d-f) lattice hydrogen (Cp)
(g-i) trapped hydrogen (Cr) and (j-1) total hydrogen concentration (Cry) at the end of
deformation. Figures (a,d,g,j) present the results obtained using the one-way coupling,
(b,e,h,k) and (c¢,f,i,1) of the two-way coupling model for Case 1 and Case 2, respectively
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Figure 2.8: Evolution of total dislocation density at the end of deformation for the (a)
one-way model, (b) Case 1, and (c¢) Case 2 of two-way coupling model
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Figure 2.9: (a) Tensile stress-strain curve and (b) total dislocation density evolution for
polycrystal under various conditions

Figure 2.10 presents the contour plots of von Mises stress distribution in polycrystal
under different conditions. Case 2 developed concentrated stress spots in comparison
to the one-way model and Case 1. These concentrated stress spots developed near/at
the grain boundaries and triple junctions (see Fig. 2.10c) correspond to the location
of hydrogen-induced high dislocation density (see Fig. 2.8¢). Subject to the stress
elevation beyond a critical value at these locations, a stress-controlled premature brittle
intergranular failure can be triggered. Hence, Case 2 can be seen as one of the possible
scenarios developed by the HELP mechanism to cause brittle inter-granular failure [41].
The absence of intense stress spots in Case 1 even with very high dislocation density as
shown in Fig. 2.10b is attributed to the dominating role of hydrogen-induced weakening

in dislocation interactions as discussed earlier.

2.4 Discussion

For uncharged conditions, FCC single crystals oriented for initially single-slip develop

the dislocation pattern comprising geometric necessary boundaries (GNBs) and equiaxed
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Figure 2.10: Evolution of von Mises stress at the end of deformation for (a) one-way model,
(b) Case 1, and (c) Case 2 of two-way coupling model

dislocation cells between these walls [51]. However, the high degree of multiple-slip for
single-crystal with tensile axis oriented for multi-slip and polycrystals develop dislocation
pattern comprising mainly the well-defined equiaxed cells where the boundaries of these
equiaxed cells are referred to as incidental dislocation boundaries (IDBs) [52, 57]. Recent
TEM observations [51, 52, 57] conducted for the same nominal strain demonstrated
the effect of hydrogen addition on the dislocation structure evolution. The presence of
hydrogen promoted the planar GNBs with reduced spacing for single crystal oriented for
single-slip [51]. However for polycrystals [52] and single crystal oriented for multiple-slip
[57], hydrogen is observed to accelerate the evolution of dislocation structures without
modifying the dislocation structures formation process (appears as comparatively refined
dislocation cells with dense dislocation walls after hydrogen). The simulation results
specific to single crystal oriented for initially single-slip predicted hydrogen-induced
closely spaced planar dislocation structure. These closely spaced planar dislocation
structures i.e. pile-ups formed during an early stage of deformation under hydrogen
atmosphere are considered to evolve as planar GNBs with reduced spacing during large
deformations [51]. Furthermore, these GNBs act as a screen to the dislocation motion and
increase the hardening rate further as observed by Girardin et al. [51]. In contrast to
single-slip orientation, simulation results for multi-slip orientation revealed insignificant
differences in the slip accumulation behavior for uncharged and hydrogen-charged cases
that can be associated with the experimental observation [57] that hydrogen does
not alter the formation process of dislocation structures for this multi-slip orientation.
These observations reveal the crystallographic orientation-dependent hydrogen effect on
dislocation pattern evolution, which controls the hardening behavior. In polycrystals,
Wang et al. [52] reported a smaller dislocation cell size with dense dislocation walls for Ni
material deformed for high-pressure torsion under a hydrogen atmosphere. This observed
dislocation structure was attributed to a hydrogen-induced decrease in dislocation spacing
with increased dislocation density under a hydrogen atmosphere. An increase in total
dislocation density observed for polycrystalline simulation under a hydrogen atmosphere
can be associated with the experimentally observed hydrogen-induced decreased cell

size with higher dislocation density in cell walls [52]. Moreover, the configurations
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subjected to the high degree of multi-slip (i.e. polycrystal and multi-slip oriented single
crystal) exhibited similar macroscopic softening and hardening for Case 1 and Case
2, respectively. By considering the direct correlation between the hydrogen effect on
fundamental properties of dislocations and the macroscopic behavior, it can be concluded
that the polycrystals and single crystals oriented for multiple-slip should exhibit similar
H-effect on dislocation structure. Altogether, it can be concluded that the hydrogen
develops an advanced state of deformation leading to deformation-induced boundaries
(i.e. dislocation cell walls/IDBs and cell block walls/GNBs) with high dislocation density.
High dislocation density facilitates the rapid void nucleation and growth along these
deformation-induced boundaries at a lower stress level [86]. Martin et al. [87] correlated
the sub-surface intense and highly localized deformation to the ridges like quasi-cleavage
fracture surface arising from the growth and coalescence of voids. Accordingly, the
hydrogen-induced increase in dislocation density simulated for both Case 1 and Case
2 can be viewed as a proposition of the hydrogen-induced rapid void formation along
these deformation-induced boundaries within the framework of the hydrogen-enhanced
localized plasticity (HELP) mechanism for hydrogen embrittlement [87, 5]. Moreover,
recent DDP simulations [41] reported that the increased dislocation density piling up
against the obstacles develops concentrated stress zones leading to premature failure
around that obstacle. Case 2 (in Fig. 2.10c) replicates one such scenario of developed
concentrated stress spots around grain boundaries and triple junctions with elevated
stress values under a hydrogen atmosphere. These stress spots are formed due to high
dislocation density at those locations (see Fig. 2.8c and Fig. 2.10c under hydrogen-charged
conditions for Case 2). Stress value clevated beyond a critical value is considered to
induce a stress-driven premature failure around these grain boundaries and triple junctions
[41]. On the other hand for Case 1, hydrogen induced increased dislocation density
but lower stress levels (due to the strong softening effect considered) puts the need
for an additional HE mechanism to govern ultimate fracture. Though not investigated
here explicitly, high dislocation density implies increased hydrogen transport by mobile
dislocations. This mechanism is considered to transport the excess amount of hydrogen
toward the grain boundaries and triple junctions leading to decohesion by reducing
the grain boundary cohesive energy (via the HEDE mechanism). Increased dislocation
activities in both cases can indeed assist in transporting excess hydrogen toward the grain
boundaries/obstacles. In case 1, the primary role of H-induced increase in dislocation
activities will be to raise hydrogen concentration at the obstacles/grain boundaries to
promote final fracture ultimately by the HEDE mechanism. Meanwhile, Case 2 replicates
a typical scenario where the HELP mechanism can independently raise stresses, leading
to premature failure, and also contributes to increasing hydrogen concentration at the
grain boundaries, which is required for the HEDE mechanism. These observations can
be viewed in light of earlier experimental observations of Martin et al. [15, 25] where
hydrogen-induced increased plasticity is established as an essential ingredient toward

the hydrogen-induced inter-granular failure either by elevated stress values or by high
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dislocation density induced excessive hydrogen concentration at grain boundaries leading
to decohesion. Depending upon the above discussion it can be concluded that hydrogen
presence can result in void-induced quasi-cleavage fracture or inter-granular fracture
at grain boundaries and triple junctions but under all conditions hydrogen induced
acceleration of microstructure emanating from H-dislocation interactions under the HELP
mechanism remains an important ingredient. In summary, the presented novel two-way
framework helped to understand the hydrogen-dislocation interactions under the HELP
mechanism toward accelerating the evolution of the microstructure favorable for rapid void
nucleation, stress elevation, and also for providing the local high hydrogen concentrations
at obstacles leading to decohesion type (HEDE) mechanism, thus controlling the final

failure.

2.5 Conclusion

To simulate hydrogen-assisted deformation and failure behavior of metals instigated by
the HELP mechanism of HE, a novel two-way computational crystal plasticity framework
is developed. Dedicated to simulating the hydrogen-dislocation interaction under the
HELP mechanism, the role of hydrogen in dislocation multiplication, annihilation, and
dislocation interaction behavior is well included. Simulation results obtained for single
and polycrystalline configurations are discussed in terms of experimentally observed
macroscopic tensile curves and microscopically observed dislocation structure evolution

behavior. The following are the conclusions drawn from the present work:

1. For Ni material containing weak dislocation type of traps investigated here, hydrogen

distribution is primarily dependent on the hydrostatic stress distribution.

2. Early stage deformations simulated in the present work validate the
hydrogen-induced modifications in dislocation structures observed experimentally

in single crystal and polycrystalline FCC materials.

3. HELP mechanism, simulated in this work, induces macroscopic softening and/or
hardening as a result of a trade-off between the hydrogen-induced weakening of
dislocation interactions and hydrogen-induced increased dislocation density pointing
towards the role of HELP mechanism alone or additional mechanisms (HEDE)

required for causing early failure.

Informed by the dislocation-hydrogen interactions, understood earlier via experiments
and /or multi-scale modeling techniques, this chapter presented a dislocation density-based
crystal plasticity model coupled with a hydrogen diffusion/trapping model to understand
the hydrogen-assisted deformation and failure scenarios possible under the HELP
mechanism of hydrogen embrittlement. In this work, for polycrystal configuration, grain
boundaries are considered as simply the boundary between two adjacent grains of different

orientations. Intentionally, no special treatment to grain boundaries in terms of hydrogen
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diffusivity, and binding energy is provided, as this chapter is focused on answering
the pressing question regarding the role of the HELP mechanism (primarily controlled
by dislocation type of traps) towards the final fracture of the material. Nickel-based
alloys manifest hydrogen embrittlement by the transition from ductile transgranular
(TG) fracture to brittle intergranular (IG) fracture. Besides the interaction between
hydrogen and dislocations as studied in this chapter, the grain boundaries (GBs) play a
significant role in governing hydrogen-induced intergranular fracture. Different types of
GBs, depending on their crystallographic character, can exhibit varying H-diffusivity, trap
binding energy, defect concentration, and fracture energy. For the various types of grain
boundaries present in complex polycrystal configurations, there is no clear consensus on
H-related parameters. Consequently, crystal plasticity-hydrogen transport models capable
of accurately simulating hydrogen-dislocation-grain boundary interactions are still in the
early stages of development.

Recognizing the limitations inherent in the current state of crystal plasticity-hydrogen
transport modeling (CP-HTM) for simulating multifaceted hydrogen-dislocation-grain
boundary interactions, and understanding the challenges involved in experimental
investigations of complex hydrogen embrittlement (HE) studies, the next chapter
introduces a unique experimental strategy employed for the first time in HE research.
This upcoming chapter introduces the utilization of tensile oligocrystal samples to gain

insights into some of the crucial aspects related to the HE behavior of nickel material.
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Chapter 3

Hydrogen Embrittlement in
Nickel Oligocrystals - Effect of

Microstructure

3.1 Introduction

Hydrogen embrittlement (HE) in metallic materials is a longstanding issue and a major
bottleneck for a sustainable hydrogen economy. The intricate interplay between hydrogen
trapping /transport phenomena, microstructure, and loading conditions, poses a significant
challenge in unraveling the precise micro-mechanics responsible for HE. Consequently, the
exact mechanism governing the HE in metallic materials is still debatable and is a matter
of ongoing research [5, 10]. Due to relatively simple microstructure, Nickel as a material
model in single crystal and polycrystalline configuration is extensively investigated for
HE studies [1, 15, 23, 48, 51, 52, 57, 85, 88, 89, 90, 91, 92, 93]. In the polycrystalline
configuration, HE in Nickel based alloys manifest by transition of fracture mode from
ductile transgranular (TG) to brittle intergranular (IG) [15, 23, 24, 25, 89]. Depending
upon the hydrogen-dislocation-grain boundaries interaction, there are debates regarding
the contribution of individual and concurrent activity of HELP (hydrogen-enhanced
localized plasticity) and HEDE (hydrogen-enhanced decohesion) mechanisms of HE to
govern the intergranular fracture in Nickel [7, 15, 23, 24, 25, 85].

Though controversy reigns over the exact HE mechanism, the crystallographic character
of the grain boundaries (GBs) is considered to be of paramount importance in governing
the IG fracture [89, 91]. In general, owing to the less-ordered arrangement of the atoms at
the GB plane usually associated with an excess volume, high-angle, high-energy random
grain boundaries are considered to have weak resistance to the fracture whereas low-energy
and low-angle GBs are more resistant [94]. Also, the high-angle and high-energy random
GBs are reported to be more attractive for solute segregation than low-angle, low-energy,
and symmetric tilt GBs [95]. Specific to the HE, Oudriss et al., [91, 96] highlighted
the impact of grain boundaries type on hydrogen distribution in polycrystalline Nickel.
Authors reported the fast hydrogen diffusion along the random high-angle grain boundaries
(RHAGBS), whereas the coincidence site lattice (CSL) 3" GBs and low-angle grain
boundaries (LAGBs) with low hydrogen diffusivity were observed. Considering these
results, in polycrystals with a high fraction of RHAGBs and their connectivity, the short
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circuit diffusion of hydrogen along random GBs was considered to be the major cause
of HE [91]. Bechtle et al., [89] showed that Ni-201 with an increased fraction of special
33 grain boundaries was less susceptible to H-induced intergranular fracture. Hu et al.,
[97], suggested the improvement of HE resistance through grain boundary engineering
(GBE), not only by increasing the number of special boundaries but also by disrupting
the connectivity of the RHAGBs network. These findings robustly support the concept of
H-resistant materials achieved through GBE, involving the formation of annealing twins or
CSL X3 type boundaries, optimizing their distribution, and enhancing mutual connectivity
[89, 96, 97]. Earlier findings also indicate that only CSL ¥3 grain boundaries are ‘special’
against the HE as other types of CSL, for instance, 35, and 11 are susceptible to cracking
under H-environment [98, 99, 100]. In contrast to the above observations, Matteo Seita
[101] found that the X3 twin boundaries in Inconel 725 were most susceptible to crack
initiation but resistant to crack propagation. In addition to the absence of a clear consensus
regarding the grain boundary type’s role in hydrogen-induced intergranular fracture, there
is also ongoing research focused on whether hydrogen segregated before the deformation
at the GBs alone is sufficient to induce IG fracture or if the presence of impurities other
than H (e.g. S), or the involvement of other mechanisms such as hydrogen transport to

the GBs by mobile dislocations is necessary to cause IG fracture [7, 25, 95, 102].

It is important to note that the aforementioned observations and associated incongruities
are derived while investigating hydrogen embrittlement in polycrystalline configurations.
During hydrogen charging of polycrystalline materials, hydrogen preferentially ingresses
into the specimens in the proximity of GB intersections with the surface. Referring to
hydrogen trapping and diffusion dependent on the GB type, the GB connectivity can
majorly affect the hydrogen diffusion from the surface to the bulk of the sample. Specific
to the FCC structure of Ni material, the low diffusivity and high solubility of hydrogen lead
to a hydrogen concentration gradient along the thickness direction (i.e. high hydrogen in
the vicinity of the sample surface and relatively low hydrogen at the mid-sample thickness).
Taking into account the impact of dissolved hydrogen on mechanical properties (as also
described in Chapter 2), the presence of this H-concentration gradient can result in notable
modifications to the mechanical properties of the grains and grain boundaries that are in
close proximity to the sample surface, in comparison to the interior grains and GBs [95].
Furthermore, in polycrystals, the grains present along the thickness direction affect the
deformation behavior of grains visible on the surface and thus can significantly interfere
with the conclusion drawn regarding the activated localized HE mechanism apparent on
the sample surface [95, 103].

Experiments on oligocrystals, (i.e. samples containing quasi-2D layer of coarse grains)
have gained significant attention to study the deformation behavior of materials due to
their advantage of magnifying the micro-level grain-scale phenomenon [103, 104, 105, 106],
sometimes even to the naked eye depending upon the size of grains [107]. The
oligocrystal does not contain underlying grains in the thickness direction that can affect

the deformation of surface grains. Specific to the HE studies, only one layer of grains across
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the thickness will ensure similar exposure to all the available grains and grain boundaries
to the H charging medium. Consequently, one can draw a better correlation between
deformation and microstructure in oligocrystals than in polycrystals. There is an absence
of dedicated work devoted to understanding the hydrogen effect on tensile deformation on
oligocrystal samples.

Understanding the need to investigate complex HE phenomenon and knowing the absence
of sufficient attempts based on oligocrystal microstructure for HE studies, this work
is an attempt to investigate the role of hydrogen on Nickel alloy oligocrystals where
only a few grains and grain boundaries of interest are present. Specially developed
small-scale oligocrystals with nearly one grain along the thickness direction ensure uniform
hydrogen exposure for all grain types and grain boundaries, while also preventing the
deformation effects of grains extending through the thickness on the surface grains.
Moreover, the micron-level thickness of these oligocrystals will further ensure the minimum
H-concentration gradient across the thickness direction, consequently, bulk and surface
phenomenon will be nearly the same. Electron backscatter diffraction (EBSD) analysis
along with the fractographic investigation are conducted to make a one-to-one correlation
between the observed microstructure and HE behavior. Moreover, by employing the
novel identical oligocrystal approach, the macroscopic tensile stress-strain response and
microscopic fracture pattern of both hydrogen-free and hydrogen-charged samples are
compared to provide captivating insights into the H effect on fracture behavior. In this
chapter, Section 3.2 details the experimental procedure for developing tensile oligocrystal
samples, microstructure characterization, hydrogen charging, mechanical testing, and
post-tensile analysis. Section 3.3 presents the experimental results which are discussed

in Section 3.4.

3.2 Experimentation

Commercially available pure Nickel (Ni-201 alloy with 0.01%C, 0.12%Mn, 0.010%Fe,
0.02%Si, 0.01%Cu, 0.002%S, balance-Ni) plate with 5 mm thickness received in cold
rolled condition was annealed at 1300°C for 24 hrs followed by furnace cooling. The
heat treatment resulted in equiaxed grains with sizes ranging from a few microns at some
locations to large grains up to ~5 mm at other locations. After heat treatment, the
tensile-shaped specimens (with gauge length and width of 5 mm and 1 mm, respectively,
as shown in Figure 3.1) were extracted from the heat-treated plates using a wire
electron discharge machine (w-EDM). The extracted tensile-shaped specimens were further
sliced down to a thickness of 0.40 mm. Thus obtained final tensile specimens with
desired thickness were polished on SiC paper from 100 to 4000 grit size, then cloth
polishing with 6 pwm, 3 wm and 0.25 um diamond paste followed by polishing with
0.04 pm colloidal silica suspension. Finally, electro-polishing with a solution of 20
% Perchloric acid and 80 % methanol at 15 V for 15 s was used to remove residual

stresses generated due to mechanical polishing and to prepare the samples with a surface
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finish suitable for EBSD analysis. After mechanical polishing and electro-polishing
the final sample thickness was achieved ~0.35 mm. EBSD analysis was conducted on
Bruker e-Flash-HR mounted on scanning electron microscope; JEOL; JSM-6610. Due
to variation in grain size obtained after heat treatment, slicing the dog bone-shaped
specimen produced three distinct types of specimens: true-oligocrystal, quasi-oligocrystal,
and identical-oligocrystal. True-oligocrystals are the specimens having exactly one grain
along the thickness direction while having multiple grains across gauge length and width
direction. Quasi-oligocrystals are the specimens containing single-through thickness grains
at the majority of gauge section area, meanwhile containing some extra grains on both
surfaces. The third category is identical oligocrystals i.e. more than one tensile specimen
having nearly the same grains and grain boundaries. Figure 3.1 shows the schematic of

the methodology adopted for generating the different types of oligocrystal specimens.
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Figure 3.1: Schematic illustration of methodology for obtaining different types of
oligocrystal tensile specimens. G followed by a numeric value indicates the grain number

As all types of CSL do not possess the ‘special’ character against HE, samples containing
only one type of CSL i.e. ¥3 GBs are investigated in this work. Hence, in the investigated
samples the grain boundaries are categorized into LAGBs (low angle grain boundaries
with misorientation angle (2° < 6 < 15°), RHAGBs (grain boundaries with misorientation
angle @ > 15° of random character) and special CSL X3 grain boundaries. Furthermore,
to explore the influence of neighboring grains in addition to the GB type on H-induced
IG fracture, oligocrystals selected in this study exhibit significant variation in the
distribution of the maximum Schmid factor. Table 3.1 presents the microstructural
and testing conditions of oligocrystal samples investigated in this chapter. Further
details are provided in the relevant sections. For simulating the hydrogen atmosphere,
specimens were exposed to an electrolyte containing 1 N H2SO,4 solution along with 1.4
g/L Thiourea (as charging promoter) under a constant current density of 10 mA /cm?

for a time period of 12 hrs. Specimen as cathode and platinum mesh as anode were
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maintained during hydrogen charging. All the tensile specimens (hydrogen charged and
uncharged) were deformed with a strain rate of 5 x 107*s~! using the tensile-fatigue
stage from Kamarath-Weiss. The strain values are measured from the machine cross-head
displacement. Post-tensile testing analysis was conducted to investigate the locations
of failure and possible HE mechanism by making a one-to-one correlation between the

surface in the vicinity of fracture locations and observed fractographic features.

Table 3.1: Details regarding types of oligocrystals and testing conditions

Sample no. Oligocrystal type Environment | Strain rate
Sample S1 True-oligocrystal H-charged |5 x 107%* s71
Sample S2 Quasi-oligocrystal H-charged | 5x 107% s71
Sample S3 | Identical-oligocrystal | H-charged | 5x 1074 s7!
Sample S4 | Identical-oligocrystal | Uncharged |5 x 1074 s71

3.3 Results

3.3.1 Hydrogen embrittlement in oligocrystals

Figures 3.2(a-d) display the Inverse Pole Figure (IPF) maps in the loading direction (X),
which are obtained from the front and back gauge section areas of tensile oligocrystal
samples S1 and S2. These IPF-X maps are derived from the average Euler angle over
grains. The capital letter G followed by the integer in Figures 3.2(a-d) represents the
grain number (e.g. G3 stands for grain number 3). The presence of an equal number of
grains on both faces with nearly the same orientation endorses the existence of a columnar
grain structure along the thickness direction for sample S1, which is therefore referred to
as a ‘True oligocrystal’. In sample S2, there is a dissimilarity in the number of grains on
both faces as some small-sized grains appear on each face (see, Figure 3.2b and 3.2d).
However, except for these small size extra grains, the majority of the surface area on both
faces is covered by single through-thickness grains. Due to these characteristics of sample
S2, this sample is classified as a ‘Quasi-oligocrystal’. Figures 3.2e and 3.2f display the
maximum Schmid factor map calculated for 12 slip-systems (FCC material) of samples
S1 and S2, respectively. Note the majority of the grains of sample S1 exhibits a higher
maximum Schmid factor value, whereas in sample S2 majority of grains exhibit a lower
Schmid factor value (for comparison purpose, the same scale is used to plot the Schmid
factor map of sample S1 and S2). In Fig. 3.2(a-f), grain boundaries with red, black, and
white color correspond to the LAGBs, RHAGBs and ¥3 boundaries, respectively.

For sample S1, tensile deformation after hydrogen charging resulted in the crack initiation
(near the bottom edge in the front face) at the GB between the grains G1 and G3.
This GB is a RHAGB with a trace nearly perpendicular to the loading direction. After
cracking through this GB, the crack further propagated along the GB between the grains
G1 and G2 but not along the GB between the grains G2 and G3. The GB between the
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Figure 3.2: Experimental results for sample S1 (left column) and S2 (right column); (a-d)
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post tensile images where intact GBs are shown with black dotted lines for comparison
purpose, and (i-n) fractographic images
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grains G1 and G2 is a straight RHAGB, making ~70° angle with the loading direction.
In contrast, the GB between the grains G2 and G3 is a curvilinear LAGB and is less
inclined to the loading direction. LAGBs are considered more resistant to fracture than
RHAGBs [108], whereas the curvilinear geometry and lower inclination angle with the
loading direction further contribute toward enhanced fracture resistance [109]. Hence, the
propagation of the crack along the GB between grains G1 and G2, rather than the GB
between grains G2 and G3, is a consequence of the grain boundary type and its geometric
alignment with the loading direction. Comparing the pre-tensile IPF (Fig. 3.2¢) with the
post-tensile image (Fig. 3.2g) for the front face of sample S1, the complete crack path
along the RHAGBs can be evident. Figure 3.2(i-k) show the post-tensile fractographic
analysis of sample S1. Figure 3.2i displays a distinct region for intergranular fracture
along the GB between the grains G1-G2 and G1-G3. Comparatively more brittle type flat
fracture features (with very shallow slip traces) are present near the edges of the specimen,
whereas significant plasticity signature can be seen in the mid-thickness of the specimen
(see Fig. 3.2(i-k)). Also, some random inclusions were observed on the fractured surfaces.
Electrochemical hydrogen charging leads to a concentration gradient across the sample
thickness, resulting in a higher concentration near the surface compared to the middle
of the specimen [110, 95]. Moreover, the segregated impurities/inclusions at the GBs
(near the sample surface) can strongly trap the hydrogen primarily near the surface which
further restricts the hydrogen diffusion toward the mid-sample thickness. Subsequently,
the flat regions (exhibiting brittle-type fracture) at the edges are primarily due to a high
hydrogen concentration, whereas the middle section (displaying plasticity signature) is
considered a result of a relatively lower hydrogen concentration. The fracture surface at
the mid-thickness regions for the GB between the grains G1 and G2 is accompanied by
relatively more plasticity signatures (see Fig. 3.2j) than the fracture surface at the GB
between the grains G1 and G3 (see Fig. 3.2k). Considering that both these are RHAGBs,
the difference in the fractured surface can be considered due to the relative orientation
of the respective GBs with the loading direction. FEarlier investigations confirmed that
the GBs with trace perpendicular to the loading direction experience higher stress levels
[109, 111, 112, 113]. The GB between the grains G1 and G3 is nearly perpendicular to the
loading direction whereas this is not exactly the case for GB between grains G1 and G2.
For similar H concentration (due to similar GB type and similar H-charging conditions),
the higher stresses at the GB between the grains G1 and G3 resulted in the crack to
initiate at this site and caused a sudden drop in tensile stress from the UTS value to a
stress level of ~50 MPa (see the tensile curve for sample S1 in Fig. 3.3a). In contrast,
relatively lower normal stresses at the GB between the grains G1 and G2 resulted in the
crack to propagate in a relatively ductile causing a temporary halt in stress drop in the
tensile curve from ~50 MPa onward (see two-step tensile curve drop for sample S1 in Fig.
3.3a).

In sample S2, tensile deformation after hydrogen charging resulted in crack initiation at

two different locations i.e. first crack along the GB between the grains G1 and G3 followed
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by another crack along the GB between the grains G2 and G5. Both these crack initiation
sites are RHAGBs with trace nearly perpendicular to the loading direction. The final
separation took place by the mating of these two cracks (by crack coalescence) along
the GBs between the grains G2-G3 and G2-G4 which are again RHAGBs. Comparing
the pre-tensile IPF (Fig. 3.2d) with the post-tensile fracture image (Figure 3.2h) for the
front face of sample S2, the complete crack path along the RHAGBs can be validated.
Fractographic analysis (Fig. 3.2(1-n)), indicated brittle type flat fracture features on the
crack initiation sites (along GBs between grains G1-G3 and G2-G5), whereas signature
of ductile fracture (even dimples in mid-sample thickness only) can also be witnessed
during crack propagation along the GBs between the grains G2-G4 and also along G2-G3.
Similar to the earlier sample, crack initiation resulted in a sharp drop in stress from UTS
value which partially recovered around 65 MPa followed by temporary strain hardening
before final fracture (see tensile curve for S2 in Fig. 3.3a). Note that the final fracture
for this sample took place by crack coalescence along the GBs between grains G2-G3 and
G2-G4. The GBs between the grains G2-G3 and G2-G4 are curvilinear and less inclined
to the loading direction, these characteristics are responsible for the crack to propagate
in a relatively less brittle manner (notice the dimples in Fig. 3.2m). The presence of
dimples along the curvilinear crack growth path correlates very well with the significant
temporary step two hardening from a stress value of 65 MPa onward. Moreover, the
presence of dimples only in the mid-sample thickness and not near the edges is considered
due to the H-concentration gradient across the sample thickness as also indicated for
sample S1. Under similar charging conditions, both the samples exhibited the H-induced
IG crack initiation along the RHAGBs perpendicular to the loading direction, meanwhile,
there was no crack along the CSL 33 and LAGBs. For sample S2 cracks were initiated
at a much lower strain level ~5 % in contrast to the counterpart sample S1 where the
crack was initiated at about ~13% strain level (see tensile curves in Fig. 3.3a). In
addition to the grain boundary structure and grain boundary orientation to the loading
direction, the Schmid factor adjacent to the GBs can significantly affect the GB stress
level to cause IG fracture [112, 113]. In general, the GB adjacent to the higher Schmid
factor grains experience lower normal stresses than the GB adjacent to the lower Schmid
factor grains [111, 113]. For sample S1 crack was initiated at a GB located between the
grains with a high Schmid factor, whereas for sample S2 cracks were initiated at the GBs
located between the grains with a low Schmid factor. This difference in the Schmid factor
adjacent to GB alters the stress levels experienced by the GB thus affecting the fracture
process. More on the contribution of the Schmid factor across the fractured GBs will be
discussed in later sections. Figure 3.3b and 3.3c display the post-fracture grain reference
orientation deviation (GROD) maps for selected regions (highlighted in Fig. 3.2g and 3.2h,
respectively) in the vicinity of the fracture location for sample S1 and S2, respectively.
GROD maps are useful for highlighting localized plasticity in the material structure. In
Fig. 3.3b, the GROD value peaks at 18 degrees near the GB between grains G2 and G3

for sample S1. Nevertheless, the GROD value in the vicinity of the fracture location is
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relatively lower than this maximum value. It is noteworthy that the fracture in sample S1
occurred along the GB between the grains G1-G3 (initiation site) and G1-G2, rather than
at the GB between grains G2 and G3. For sample S2, the observed maximum GROD value
is 10 degrees (along GB between the grains G4-G5 and also in grain G4) which is lower
than sample S1. As plastic strain increases, the difference in crystallographic orientation
between an arbitrary point and the average orientation of each grain (i.e. GROD value),
also increases [114]. In sample S1, the fracture occurred at a relatively higher strain
level than in S2, hence resulting in a relatively high GROD wvalue in S1 compared to
S2. Moreover, similar to sample S1, for sample S2 highest GROD value exists away from
the crack initiation sites (i.e. no peaks in GROD value at the GB between the grains
G1-G3 and G2-G5 are observed). The absence of maximum GROD value in the vicinity
of fracture initiation sites for both samples indicates that the H-induced localized plasticity

has a relatively minor influence on the fracture process.
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Figure 3.3: (a) Tensile stress-strain curves for samples S1 and S2 (b) GROD map for
sample S1 (¢) GROD map for sample S2

3.3.2 Effect of hydrogen on identical oligocrystals

Unlike polycrystals, where a large number of randomly oriented grains completely
eliminate this effect, oligocrystals with only a few grains exhibit a strong anisotropic
effect, leading to variations in mechanical behavior. For instance, when subjected to
similar hydrogen charging conditions, the distinct number of randomly oriented grains
in samples S1 and S2 resulted in a noteworthy difference in the stress-strain behavior
of the two samples. This indicates that while samples S1 and S2 eliminate the effects of
through-thickness grains, the overall stress state and deformation response of oligocrystals

can be significantly affected by neighboring grains along the gauge length and width
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direction. Consequently, the effect of hydrogen charging in terms of macroscopic tensile
stress-strain behavior (hardening/softening behavior) cannot be established from the
aforementioned samples. Additionally, the heat treatment process employed in this
work to generate oligocrystals resulted in the segregation of impurities toward the
grain boundaries (some randomly distributed inclusions were observed on the fractured
surfaces). Segregation of impurities, other than hydrogen can also cause embrittlement
by reducing the cohesive strength along the GBs [24, 95]. Grain boundary types can
significantly affect impurity segregation. RHAGBs are considered to be more attractive
sites than LAGBs and special ¥3 GBs for the impurities segregation. Consequently,
the observed IG fracture in S1 and S2 along the RHAGBs can also be associated with
segregated inclusions other than H. In order to differentiate the impact of hydrogen on
intergranular (IG) fracture from the influence of segregated impurities and to assess the
effects of H-addition on the macroscopic hardening/softening behavior, it is necessary
to compare the deformation behavior of oligocrystal samples with nearly the same
microstructural features, including grain size, grain boundary types, and neighboring
grains in all directions. This comparison should be made between hydrogen-charged
and uncharged samples. To accomplish this, one approach would be to examine the
deformation behavior of a set of oligocrystal tensile specimens extracted from the same
location while ensuring that the microstructure on each face (four faces in total, two
on each specimen) is identical. Omne of the specimens would undergo testing under
H-free (uncharged) conditions, while the other would be tested under hydrogen-charged
conditions. Conducting tests on samples under H-free conditions will clarify the role of
impurities if it is significant enough to cause intergranular fracture in the absence of
hydrogen. Meanwhile, testing samples under H-charged conditions will explain the role
of hydrogen uptake on the macroscopic deformation response and microscopic fracture
pattern. The identical oligocrystal approach used in this work is one such attempt. Details
of generating identical oligocrystals are presented in the experimentation section (Section
3.2).

Figures 3.4(a-d) show the IPF in loading direction (for back and front face) for the samples
S3 and S4. The slicing method (see schematic as shown in Fig. 3.1) resulted in the
replication of nearly similar microstructure on both the samples S3 and S4. Except for
a few small extra grains indicated by (#), the presence of the same grains on both the
faces of samples S3 and S4 can be seen. For sample S3, except for the one small extra
grain (between G1 and G5 on the back face), all the grains (G1 to G10) are present on
both faces i.e. G1-G10 are through thickness columnar grains. For sample S4, along with
some small size extra grains, grains G1-G10 are present on the back face. However, on
the front face of Sample S4, grain G3 is not present. Except for a few anomalies, both
the samples display nearly identical microstructure, thus pair of oligocrystal specimens S3
and S4 is termed as identical oligocrystals. Furthermore, in contrast to the earlier samples
S1 (featuring the majority of grains with high Schmid factor) and S2 (with grains having

a low Schmid factor, particularly around the fractured grain boundaries), there exists a
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significant Schmid factor gradient across all the available GBs in both S3 (Fig. 3.4e) and
S4 (Fig. 3.4f). In Fig. 3.4(a-f), grain boundaries with black and white color correspond to
the RHAGBs and X3 boundaries, respectively. Note that there were no LAGBs present
in these samples.
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Figure 3.4: Details of microstructure for samples S3 (left column) and S4 (right column),
(a-b) inverse pole figure in loading direction for the back face (c-d) inverse pole figure in
loading direction for the front face (e-f) maximum Schmid factor map corresponding to
the front face. In all the images, RHAGBs and Y3 GBs are colored as black and white
respectively. IPF color key for (a-d) is the same as in Fig. 3.2

Figures 3.5a and 3.5b show the post-tensile SEM images of samples S3 and S4, respectively.
For H-charged sample S3, the crack initiated along the RHAGB between the grains G1
and G5. The crack further propagated along the connected RHAGBs between the grains
G2 and G5 and then along the RHAGB between the grains G2 and G3 (see Fig. 3.4c for
GB type and 3.5a for fracture location). Similar to the earlier samples there was no crack
associated with any of the special ¥3 GB. For uncharged sample S4, tensile deformation
resulted in the transgranular ductile fracture along the grains/twins G8 and G9 (see Fig.
3.5b). Fractographic analysis shown in Fig. 3.5(c-d) validates the complete IG fracture
for H-charged sample S3 (Fig. 3.5¢), whereas ductile transgranular fracture for uncharged
sample S4 (see Fig. 3.5d). It is worth mentioning that even under very high stress and
strain value to failure, uncharged sample S4 failed in a complete transgranular manner.
This indicates that the impurities other than hydrogen did not contribute to IG cracking
and it is solely the uptake of hydrogen causing the transition from TG to IG fracture.
Figure 3.6a shows the tensile stress-strain curve for the H-charged (S3) and H-free (S4)
samples, where a higher yield strength and strain hardening rate for S3 than S4 can be
observed. As the microstructures of both the samples are nearly similar, the increase in

yield strength and hardening rate is considered due to H addition only as also observed
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Figure 3.5: Post tensile fracture SEM images for (a) sample S3, (b) sample S4, and (c-d)
fractographic analysis of sample S3 and S4. Black lines with arrows are used to mark
the gauge section. White dotted lines are used to represent the grain boundaries for
comparison purpose

earlier for polycrystals [85]. The H-free sample (S4) displayed a total elongation of ~52
% while the H-charged sample (S3) fractured with a significantly lower tensile elongation
of only ~9 %. Figure 3.6b shows the post tensile GROD value map obtained from the
vicinity of the fractured location (highlighted in Fig. 3.5a) for sample S3. A maximum
GROD value of 12 degrees is obtained at a location near the GB between the grains G2
and G3 (see Fig. 3.6b) and not along the crack initiation site along the GB between the
grains G1 and G5. Similar to the earlier samples S1 and S2, for S3 there is the absence
of a high GROD value at the crack initiation sites suggesting that the H-induced increase
in localized deformation in the vicinity of the GB has a negligible contribution to causing
the IG fracture initiation. Moreover, once a crack is initiated, the higher stresses at the
crack tip of propagating long crack can result in localized plasticity at the adjacent soft
regions, which might be a reason of higher GROD value near the GB between the grains
G2 and G3.

3.3.3 Effect of hydrogen on tensile deformation of bi-crystals

In the above-discussed H-charged samples S1-S3, RHAGBs are identified crack initiation
sites, whereas the CSL 33 grains boundaries can be established as a microstructure feature

resistance to the fracture. Also, the crack is not observed along the LAGBs (present in
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Figure 3.6: (a) Tensile curves for sample S3 and S4 (b) GROD map for sample S3
correspond to the location highlighted in Figure 3.5a

S1 and S2). The lack of cracking along these LAGBs in S1 and S2 can be ascribed
to the presence of fewer low-angle grain boundaries (LAGBs) in conjunction with specific
microstructural and loading conditions. Moreover, it is highly likely that under the current
hydrogen charging conditions, the RHAGBs cracked well before the 33 and LAGBs, thus
cracks were absent at these GBs. To understand the role of LAGBs and ¥3 GBs under
the currently simulated hydrogen atmosphere more clearly, two more oligocrystal samples
(S5 and S6) in addition to those detailed in Table 3.1 are investigated. Sample S5 contains
only one LAGB (within the gauge length) with ~ 10° misorientation angle and S6 contains
only one ¥3 GB. Sample S5 and S6 contain only two grains within the gauge section, thus
can also be termed as bi-crystals. Figure 3.7(a-b) shows the IPF-X for one of the faces of
the sample S5 and S6. For these samples, both the faces are exactly the same in terms of
grains, grain boundaries and the GB plane is nearly perpendicular to the sample surfaces
(hence only one face is shown here). Moreover, in Fig. 3.7(a-b) numeric value within the
parentheses indicates the maximum Schmid factor for the respective grain. For sample
S5, both the grains exhibited a nearly equal maximum Schmid factor value of 0.45. Also,
for sample S6 both the grains within the gauge section exhibited a nearly equal maximum
Schmid factor value of 0.49. Interestingly, the tensile deformation after hydrogen charging
for both samples S5 and S6 resulted in a complete transgranular fracture. Figure 3.7(c
and d) displays the post-tensile fracture SEM images for sample S5 and S6 respectively,
where the transgranular fracture along the grain G2 (for both the specimens) with no trace
of the crack along the GBs can be seen. The fractographic analysis (see Fig. 3.7(e and
f)) further acknowledges the complete transgranular ductile fracture for these samples.
Figure 3.7g displays the tensile curves obtained for both specimens, in agreement with

the observed ductile transgranular fracture with a notably high percentage of elongation.

45



Chapter 3. Hydrogen Embrittlement in Nickel Oligocrystals - Effect of Microstructure

Observed complete ductile transgranular fracture along with an absence of any crack at
the GBs in S5 and S6 establishes the immune nature of LAGBs and ¥3 GBs toward the

HE under the current H-charging conditions.
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Figure 3.7: (a-b) Inverse pole figure in loading direction, (c-d) post tensile images (e-f)
fractographic images, and (g) tensile curves of samples S5 and S6. IPF color key for (a)
and (b) is same as in Figure 3.2

3.4 Discussions

Grain boundaries significantly affect the fracture process by serving as preferential sites
for crack nucleation and propagation. Not all GBs exhibit the same resistance to fracture;
rather, their strength varies based on their type as well as misorientation. RHAGBs have
weak resistance to fracture, while LAGBs and symmetric tilt GBs demonstrate greater
resistance [94]. The type of GB further influences the segregation of solute content, which
can significantly alter the fracture mode by changing the cohesive strength of the respective

GB. The solute segregated toward the GB can be characterized from the following relation,

FE
Cap ~ Cp exp (ﬁ) (3.1)
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where, Cp is the concentration of solute species in the bulk matrix, Cqp is the
concentration at the GB, Ej is the binding energy of hydrogen to the boundary, k is
the Boltzmann’s constant and T is the absolute temperature. CSL ¥3 GBs possesses
a significantly low trap binding energy of hydrogen [99], which ensures the presence of
a significantly low amount of H-concentration at these GBs [99, 115]. Using scanning
Kelvin probe force microscopy (SKPFM), Ma et al., [108] characterized that similar to
the CSL X3 GBs, for LAGBs there was hardly any hydrogen segregation. On the other
hand, a high trap binding energy leads to a significantly high hydrogen accumulation at
RHAGRBES, resulting in a pronounced reduction in the cohesion strength of these GBs. Also,
the preferential impurities segregation (other than hydrogen) to the RHAGBs can induce
IG fracture independently and/or it can modify the hydrogen-grain boundary interaction
to promote the IG fracture [24, 95]. The investigated identical oligocrystals resulted in
IG cracking in the hydrogen-charged samples only, suggesting that IG fracture is caused
by hydrogen uptake rather than any other impurity segregation. Meanwhile, the effect of
segregated impurities at the GBs toward altering the hydrogen trapping kinetics cannot
be refuted. Earlier studies [115, 116] indicate that the hydrogen concentration segregated
at grain boundaries by thermodynamic equilibrium does not reach a level significant
enough to cause a notable reduction in cohesive energy required for intergranular fracture.
Therefore, it is postulated that hydrogen redistribution during deformation (facilitated
by processes such as diffusion due to hydrostatic stress gradients, short circuit diffusion
through networked high diffusivity grain boundaries, and/or H-transport through mobile
dislocations) is essential to elevate localized hydrogen concentration beyond the critical
threshold at fracture sites [15, 18, 96, 117]. Investigated oligocrystals with a discrete
number of GBs (thus absence of GB network) are considered to diminish the possibilities
of accelerated diffusion by short circuit mechanism across the networked high diffusivity
GBs. Additionally, the lower diffusion coefficient value (for FCC Ni) and relatively
lower stress levels exhibited by the investigated material make the H-redistribution due
to stress gradient also to remain insignificant [117]. Fractographic analysis revealed
the slip traces on the flat appearing brittle fractured surfaces (see Figure 3.2k and
3.2n). Earlier investigations associated these slip traces on brittle, hydrogen-induced
intergranular (IG) flat fracture surfaces with the phenomenon of hydrogen transport by
mobile dislocations [15, 25]. According to this phenomenon, mobile dislocations during
the plastic deformation of hydrogen-charged samples can transport a sufficient amount of
hydrogen to the grain boundaries. Consequently, the high H-concentration thus achieved
can promote the IG fracture via the HEDE mechanism. Nevertheless, it should be noted
that the transportation of hydrogen by mobile dislocations is contingent on the strain
rate levels, and the strain rate employed in this work is sufficiently higher than the
commonly used slow strain rate tensile test (SSRT test with a strain rate of the order
< 1075 57! or lesser), thus the notable contribution of hydrogen transport through mobile
dislocations must be comparatively insignificant [23, 89]. The above discussion indicates

the relatively insignificant contribution of hydrogen redistribution during deformation
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toward the observed intergranular (IG) fracture in hydrogen-charged samples. This
observation is consistent with earlier reports of hydrogen-induced IG fracture occurring

even under conditions where hydrogen redistribution by any mechanism remains inactive
[23].

The HELP mechanism postulates the acceleration of dislocation activities under a
hydrogen atmosphere. The localization of accelerated dislocation activities in the vicinity
of GBs can raise localized stresses beyond the critical levels to cause intergranular fracture.
GROD maps are useful for identifying the localized changes in material microstructure
caused by accelerated dislocation activities [114, 118]. A significantly high GROD value
is obtained for the sample S1 only and that too away from the fracture sites. Similar to
sample S1, for samples S2 and S3 there was the absence of localized high GROD value
at the fracture initiation sites. Moreover, despite the relatively high GROD value in the
vicinity of fracture locations, sample S1 showed the highest total elongation to fracture
than S2 and S3. These results indicate that the localized plasticity (high GROD value)
cannot be accounted as the governing factor for IG fracture in the present work. For
samples S1-S3, IG fracture was initiated at the straight RHAGBs with a trace nearly
perpendicular to the loading direction. In sample S1, crack initiated after ~13 % strain
along the GB adjacent to the grains making a soft-soft combination (i.e. high Schmid
factor grains on either side of GB). For sample S2, the crack initiated at ~5 % strain
along the GBs corresponds to the ‘hard-hard’ combination (i.e. low Schmid factor grains
on either side of GB). Lastly, sample S3 corresponds to the ‘hard-soft’ combination (i.e.
high Schmid factor grain on one side and low Schmid factor on the other side of GB)
where fracture initiated after ~7.5 %. In addition to the GB structure, the Schmid
factors in the adjacent grains and the GB inclination to the tensile axis play a significant
role in environmental-assisted IG fracture [111, 112, 113, 119]. McMurthy et al., [111]
reported that RHAGBs making high surface trace angles with loading direction and
adjacent to the low Schmid factor grains are most susceptible to environment-assisted
IG cracking. Stratulat et al., [119] reported the preferential IG fracture at the GBs with
a hard-hard combination, whereas the hard—soft combination was observed to fail more
easily than a soft—soft combination. Pouillier et al., [112] observed the H-assisted IG
cracking preferentially at the GBs perpendicular to the loading direction and adjacent to
the grains undergoing very limited plastic deformation. Recently, Sun et al., [109] reported
that for H-charged Ni, increasing grain boundary curviness requires higher critical stress
for cracking than straight GBs. Considering the Schmid factor and the inclination of
GBs with respect to the loading direction as crucial factors, West and Was [113] provided
‘Schmid-Modified Grain Boundary Stress (SMGBS)’ model to predict the effective grain

boundary normal stress as:

Mayg 1 1 9
= —_—t+ — 3.2
oN =05 (mgl + m92> (cosw) (3.2)

where, oy is the normal stress acting on the GB, o is the flow stress, mg4; and mg2 are the
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Schmid factor of grains adjacent to the GB, 144 is the average Schmid factor of sample
and w is the angle between the grain boundary plane normal and the tensile axis (more
description in [113, 119]). Table 3.2 shows the GB normal stress value calculated (for the
GBs at the crack initiation site) using equation SMGBS model for the samples S1-S3 (for
these samples crack initiated at the GBs nearly perpendicular to the loading direction, so
the cosw ~1 is assumed for calculations).

Interestingly, the SMGBS model predicted a similar GB normal stress (i.e. o) for samples
S1-S3.

initiation for S1-S3, however, these strain levels correspond to the nearly same fracture

Note that even though, there is a significant difference in the strain for crack

initiation stress of ~75 MPa (see tensile curves of samples S1-S3). Using the oy= 75
MPa in Table 3.2, all the samples S1-S3 will exhibit nearly the same GB normal stress.
This indicates that the observed IG fracture initiation at the GBs perpendicular to the
loading direction in the H-charged samples S1-S3 stems from exceeding critical normal
stress at these GBs. These results suggest that the initiation of intergranular fracture
observed at the grain boundaries perpendicular to the loading direction in the H-charged
samples S1-S3 is a result of surpassing a critical normal stress threshold at these grain
boundaries. However, it is important to highlight that the predictive SMGBS model is
only qualitative, as it does not take care of the GB structure which however is an important
factor for IG fracture. Nevertheless, the similarity in normal stress values predicted by the
SMGBS model and the exclusive occurrence of fracture initiation along the RHAGBs in the
H-charged samples S1-S3 indicate that the joint interplay of high H-concentration induced
reduction in cohesion strength and the presence of critical stress values at RHAGBs is

governing H-induced intergranular fracture.

Table 3.2: Predicted oy value using SMGBS model (grains adjacent to crack initiation
site are considered)

Mgyg | Adjacent grains mg1 mg2 oON
Sample S1 | 0.465 G1 and G3 0.4564 (G1) | 0.4529 (G3) | 1.023 oy
Sample S2 | 0.407 G1 and G3 0.3885 (G1) | 0.4023 (G3) | 1.0296 o
Sample S3 | 0.437 G1 and GhH 0.4510 (G1) | 0.3974 (G5) | 1.034 o

Based on the preceding discussions, it can be summarized that the high trap binding energy
of RHAGBSs accumulates a high amount of H-concentration (primarily by thermodynamic
equilibrium during the H-charging process), which lowers the cohesion strength of these
types of GBs thus making it the weakest link of the microstructure susceptible for fracture
in H-charged samples. However, a lower concentration of hydrogen at the LAGBs just like
CSL 33 boundaries did not prompt the fracture at these locations. This work indicates
that in addition to the crystallographic character of GBs, the Schmid factor adjacent
to the GBs and the geometric inclination of the GBs with loading direction contribute
significantly to the H-induced IG fracture. The microstructure containing a high fraction
of CSL ¥3 and LAGBs adjacent to the high Schmid factor grains (as studied in this
work) must reveal the high resistance to HE. Furthermore, the presence of geometrically

curvilinear grain boundaries that align closely with the loading direction should contribute

49



Chapter 3. Hydrogen Embrittlement in Nickel Oligocrystals - Effect of Microstructure

to enhanced resistance against hydrogen embrittlement.

3.5 Conclusions

The present work investigated the hydrogen embrittlement behavior in Nickel-201
oligocrystals. Nearly columnar grain structure (through thickness single layer of grains)
ensures the uniform exposure of hydrogen to all the available grains and GBs during

H-charging. The following are the main highlights of the current work:

e Novel identical oligocrystal approach confirmed the IG fracture due to the hydrogen

uptake and not due to any other segregated impurities.

e Bi-crystal type oligocrystals confirmed the immune nature of CSL ¥3 and LAGBs

under the current hydrogen charging conditions.

e The oligocrystal approach used in this work confirmed that the high hydrogen
concentration trapped at the RHAGBs reduces their cohesive strength, thus making
it the weakest link in the microstructure prone to intergranular fracture under

hydrogen environment.

o Among all the RHAGBSs, those with traces perpendicular to the loading direction and
located adjacent to low Schmid factor grains experiencing the highest normal stress
are observed as the most favorable sites for fracture initiation in hydrogen-charged

samples.

Beyond these observations, this study postulated that the interplay of the strain rate
used in this work, the lower diffusion coefficient (inherent to the FCC structure), and
the lack of an interconnected network of RHAGBs (which can typically facilitate rapid
hydrogen diffusion through a short-circuit mechanism) in the examined large-grain-sized
oligocrystals, would collectively ensure minimal hydrogen redistribution, both through
diffusion and by hydrogen transport by dislocations during the deformation process.
In consequence, the observed intergranular fracture at the RHAGBs can be attributed
to hydrogen segregation through thermodynamic equilibrium during hydrogen charging
prior to deformation. However, since all the samples in this chapter are tested at the
same loading conditions (strain rate and temperature), the postulation of insignificant
contribution from hydrogen redistribution during deformation is revisited in the next
Chapter.
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Chapter 4

Hydrogen Embrittlement in Nickel
Oligocrystals - Effect of Strain Rate

4.1 Introduction

In Chapter 3, the hydrogen embrittlement behavior of oligocrystal tensile samples
made from Nickel-201 alloy is investigated.  Heat treatment followed by slicing
using the wire-EDM was performed to obtain various types of oligocrystals,
including true-oligocrystals, quasi-oligocrystals, identical-oligocrystals, and bicrystal-type
oligocrystals. The main goal of the previous chapter was to examine how microstructural
factors, including the type of grain boundaries, the orientation of grain boundaries in
relation to the loading direction, and the microstructural features near susceptible grain
boundaries, contribute to hydrogen-induced intergranular fracture. It is well acknowledged
that the hydrogen embrittlement behavior of materials depends on not only microstructure
but also on deformation conditions [23, 24, 102]. Previous studies [120, 121] reported that
the material’s susceptibility to hydrogen embrittlement increases with decreasing the strain
rate and vice-versa.

In addition to the previous chapter where all the samples are tested at a fixed strain rate of
5 x 107451, this chapter investigates the effect of hydrogen in the oligocrystal specimens
at variable strain rates ranging from 4 x 107 to 4 x 1073571, These variable strain rates
are chosen to provide a clearer insight into the role that deformation plays in inducing the
intergranular fracture in H-charged oligocrystals. More specifically, the contribution of
deformation-induced hydrogen redistribution (either by stress gradient-induced diffusion
and/or due to H-transport by mobile dislocations) in the context of observed intergranular

fracture in H-charged oligocrystals is revisited.

4.2 Experimentation

The experimental details regarding the development, hydrogen charging, micro-structural
characterization, and post-deformation analysis of oligocrystal samples are provided in
Section 3.2. To comprehend the strain rate dependence of the hydrogen embrittlement
phenomenon, two true-oligocrystals (sample S1 and sample S2) and a pair of identical
oligocrystals (sample S3 and sample S4) are investigated in this chapter. Detailed
micro-structural descriptions of investigated samples are given in the relevant sections. All

the samples are deformed with variable strain rates ranging from 4 x 1074 to 4 x1073s7!
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using a miniaturized tensile-fatigue module from Kammrath and Weiss. Tensile testing
was performed on H-charged samples S1 to S3 until fracture occurred. Additionally, to
examine the H-effect on micro-structural changes at identical strain levels, the tensile test
on uncharged oligocrystal sample S4 was halted after reaching a strain level equivalent to
the fracture strain observed in H-charged identical oligocrystal sample S3. Subsequently,
the microstructure of S4 was examined before proceeding with the tensile test of sample S4
until fracture. Table 4.1 presents the micro-structural and testing conditions of oligocrystal

samples investigated in this chapter.

Table 4.1: Details regarding type of oligocrystals and testing conditions

Sample Oligocrystal type Environment | Strain rate | Tensile test
Sample S1 True-oligocrystal H-charged | 4 x 10~* s~! | Continuous
Sample S2 True-oligocrystal H-charged | 4 x 1073 s~! | Continuous
Sample S3 | Identical-oligocrystal | H-charged | 1x 1072 s~! | Continuous
Sample S4 | Identical-oligocrystal | Uncharged | 1 x 1073 s~! | Interrupted

4.3 Results

4.3.1 Effect of strain rate on HE of oligocrystals

Figures 4.1(a-d) display the inverse pole figure (IPF) map in the loading direction of the
front and back face for the gauge section of tensile oligocrystal samples S1 and S2. In
these figures, the capital letter G followed by the integer represents the grain number
(i.e. GI implies grain number 1). For sample S1, the presence of an equal number of
grains on both faces (see Fig. 4.1a and 4.1c for the back and front face, respectively) with
the same orientation validates the existence of a true columnar grain structure along the
thickness direction. For sample S2, with the exception of an additional small-sized grain
G™ on the front face only, Fig. 4.1b and 4.1d validate the presence of columnar through
thickness grains G1 to G10. Figure 4.1e and 4.1f show the maximum Schmid factor map
calculated for slip systems of FCC material system of samples S1 and S2, respectively. In
Fig. 4.1(a-f), grain boundaries with black and white colour correspond to the RHAGBs
and CSL 33 type grain boundaries, respectively. In samples S1 and S2, no other types of
grain boundaries are present.

Figure 4.2 displays the post-tensile fracture analysis for H-charged samples S1 and S2.
—4g-1

After H-charging, sample S1 is deformed with a strain rate of 4 x 10 . Figure 4.2a

shows the post-tensile fracture image for S1. In this sample, the fracture initiated at
once for two different locations, i.e. at the GBs between the grains G3 and G4 as well as
between grains G2 and Gb5. Thereafter the coalescence of these two cracks along the GB
between the grains G1 and G4 (visible from the front face only) as well as between the
grains G2 and G4 formed a single long crack. Finally, the single long crack thus developed
propagated along the GB between the grains G2 and G6, causing complete separation.

Figure 4.2e shows the fractographic image confirming the IG fracture for sample S1. Note
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For EBSD analysis [111]
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Figure 4.1: Details of microstructure for samples S1 (left column) and S2 (right column),
(a-b) Inverse pole figure in loading direction for the back face (c-d) inverse pole figure in
loading direction for the front face (e-f) maximum Schmid factor map corresponding to
the front face. In all the images, the RHAGBs and 33 GBs are colored as black and white
respectively

that the fractured surface along the crack initiation sites i.e. along the GB between the
grains G2 and G5 as well as G3 and G4 is flat, meanwhile, there is a significant signature
of plasticity across the fracture region for the GBs between the grains G2 and G4 as well as
G2 and G6. Figure 4.2c shows the post-tensile GROD map in the vicinity of the fractured
zone for sample S1. Comparing Fig. 4.1c with the post tensile image in Fig. 4.2c, the
complete IG fracture path along the RHAGBs only can be validated for sample S1. Note
that there was no crack observed at any other location within the gauge section of this

sample (see Fig. 4.2a).

Sample S2, after hydrogen charging was deformed at a strain rate of 4 x 1073s~! (one
order higher than S1). Figure 4.2b shows the post-tensile fracture image for S2. Despite
a higher strain rate than sample S1, under the same hydrogen charging condition, similar
to sample S1, sample S2 exhibited the complete intergranular (IG) fracture. For S2, the
crack initiated at one of the RHAGB between the grains G9 and G10 from the upper edge
of the front face and then propagated downward along this GB. Figure 4.2f shows the
fractographic image confirming the complete 1G fracture for sample S2. Similar to sample

S1, there was no crack at any other location within the whole gauge section for sample S2.
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(a) Post tensile fracture image of S1
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(e) Fractograph of S1
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Figure 4.2: Post tensile fracture analysis for sample S1 (left column) and S2 (right column)

Figure 4.2d shows the post-tensile GROD map in the vicinity of the fractured location for

sample S2.
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Figure 4.3: Tensile stress-strain curves for H-charged sample S1 and S2

Tensile stress-strain curves for H-charged samples S1 and S2 are shown in Fig. 4.3. Sample

S2 (tested at a higher strain rate) exhibited a higher yield stress and hardening rate
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while demonstrating a significantly lower strain to failure than sample S1 (tested at a
lower strain rate). For H-charged conditions, a high strain rate decreases the dynamic
H-redistribution (by restricting the H-transport by dislocations and by limiting the process
of H-diffusion) toward the fracture zones (here, GBs). Consequently, the H-charged
samples tested at a higher strain rate should exhibit lower H-concentration at the fracture
location and thus experience lower HE susceptibility and vice-versa. Considering the
slow diffusion coeflicient for FCC material and the absence of interconnected GB network
(needed for hydrogen diffusion by short-circuit phenomenon) in the investigated large
grain-sized oligocrystals, the redistribution of hydrogen by the diffusion can be assumed
to remain insignificant [91, 117]. Moreover, the high strain rates used in sample S2 can
be considered to further restrict the hydrogen diffusion as well as H-transportation by the
mobile dislocations. However, as can be seen from the tensile curves, despite the high strain
rate of the sample S2 than S1, S2 exhibited a lower total elongation than S1. Also, both
the samples exhibited the complete IG fracture (even S2 revealed a more flat IG fracture
surface than S1). These results suggest that hydrogen transportation (by diffusion and by
mobile dislocations) is a relatively insignificant phenomenon in the context of hydrogen
embrittlement sensitivity in the present work. With the currently investigated level of
strain rates, the coarse-grained FCC nickel is expected to demonstrate minimal sensitivity
to changes in strain rates regarding mechanical properties [122]. Accordingly, the observed
difference in the mechanical properties of samples S1 and S2 is considered purely due to
the explicit combination of microstructure and site-specific hydrogen concentration present
prior to the onset of deformation only.

GROD map in the vicinity of fracture location for sample S1 (Fig. 4.2c) and S2 (Fig. 4.2d)
exhibited the absence of significantly high GROD values at the fracture initiation sites.
Moreover, for both the samples the highest GROD value is present at a location where
the crack is about to leave the specimen and is long enough to generate high-stress levels
at the crack tip which can further result in localized plasticity [114]. Moreover, with an
increase in strain level, the difference in crystallographic orientation between an arbitrary
point and the average orientation of each grain (i.e. GROD value) also increases. In S1,
the fracture took place at a notably high macroscopic strain level (~ 11%) compared to
S2 (~ 5%). This difference in strain levels can be associated with the relatively higher
GROD value observed in S1 than in S2.

4.3.2 Effect of hydrogen on identical oligocrystals

As also observed in the previous chapter, unlike in polycrystals, where a large number
of randomly oriented grains completely eliminate this effect, oligocrystals with only
a few grains exhibit a strong anisotropic effect, leading to variations in mechanical
behavior. Indeed the investigated oligocrystal samples S1 and S2 eliminate the effects of
through-thickness grains, nevertheless (in addition to the strain rate effect) the different
stress-strain response of S1 than S2 is due to the specific combination of neighboring grains

along the gauge length and width direction. Consequently, the effect of hydrogen charging
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in terms of macroscopic tensile stress-strain behavior (hardening/softening behavior)
cannot be established from the aforementioned samples. Moreover, the different initial
grain orientations in the vicinity of the fracture zone can result in different amounts of
localized plasticity levels (e.g. in S1 and S2, high GROD values exist in grains with
high Schmid factor), thus can affect the observations drawn in terms of activated HE
mechanism. Samples S1 and S2 exhibited the H-induced IG cracking along the RHAGBs
only, however, a wide range of misorientation angles for RHAGBs can significantly affect
the H-segregation behavior and fracture toughness, which otherwise are essential for
H-induced IG fracture. Preferential segregation of impurities other than hydrogen at
the RHAGBs can also cause embrittlement by reducing the cohesive strength along these
GBs or by attracting more hydrogen content toward the GBs [95, 102]. Therefore, it is
necessary to distinguish the effect of hydrogen on the IG fracture in addition to the parent
material composition. To distinguish the effect of hydrogen on the IG fracture from the
base material composition and to address the effect of H-addition on the macroscopic
hardening/softening (along with microscopic phenomenon) in contrast to the uncharged
conditions, it is recommended to compare the deformation behavior of oligocrystal samples
with nearly same microstructural features including grain size, grain boundary types
(misorientation angle-axis combination), and neighboring grains in all directions, between
hydrogen-charged and uncharged samples. Identical oligocrystals is one of the approaches
wherein a set of tensile specimens are extracted from the same location while ensuring
that the microstructure on each face (four faces in total, two on each specimen) is nearly
identical (in terms of GB type, adjacent grains). One specimen from the identical set
of oligocrystals would undergo testing under hydrogen-free conditions, while the other
would be tested under hydrogen-charged conditions. Conducting tests on samples under
hydrogen-free conditions would help to isolate the role of chemical composition (or
impurities other than H) if it is significant enough to cause IG fracture. Meanwhile,
testing samples under H-charged conditions will elucidate the role of H-addition on the
macroscopic deformation and microscopic fracture response. A schematic of generating
identical oligocrystals (sample S3 and S4) by using the slicing method is shown in Fig.

4.4 (refer to Chapter 3 for more details on generating identical oligocrystals).

Figure 4.5(a-d) shows the IPF in loading direction (for front and back face) for the samples
S3 tested in H-charged condition and S4 tested for H-free (uncharged) condition. Samples
S3 and S4 are generated by the slicing method (see Schematic in Fig. 4.4) and sufficiently
large grain size resulted in the presence of the same through thickness grains (G1-G3)
in both the specimens. For S4, through-thickness grains G1-G3 covered all the gauge
sections on both sides. However, for S3, there is an extra grain G4 present on both sides
in addition to grains G1-G3. As per the classification described in Chapter 3, S3 and S4
individually are true-oligocrystals. For both the samples S3 and S4, the GB between grains
G2 and G3 is a special CSL X3 boundary, while the boundary between grains G1 and G2
is a RHAGB (with angle of misorientation ~ 36 + 1 degrees). For sample S3, the grain
boundary between the grains G2 and G4 is an RHAGB with ~ 36 degree misorientation
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Figure 4.4: Schematic of generating a set of identical oligocrystals S3 and S4

angle, whereas the GB between the grains G1 and G4 is a CSL 33 boundary. Since both
the samples S3 and S4 have a similar microstructure (except for an additional small size
grain G4 in S3) with the same grains G1 to G3 (and obviously the same type of GB
between them) occupying most of the surface area, the pair of specimens (S3 and S4) is
termed as Identical-oligocrystals. Similar to the earlier samples S1 and S2, a significant
Schmid factor gradient across all the available GBs for S3 (Fig. 4.5¢) and S4 (Fig.4.5f)
is present. The set of identical oligocrystal samples (S3 and S4) is tested at a strain rate
1 x 1073571, which is higher than sample S1 and lower than sample S2.

Figure 4.6 shows the tensile stress-strain curve for the H-charged (S3) and uncharged (S4)
samples, where a higher yield strength for S3 than S4 can be observed. Moreover, except
for the initial stage, there is not a significant difference in the strain-hardening behavior
of both samples. The uncharged sample S4 exhibited complete transgranular fracture
with total elongation of ~ 48%. In contrast, the H-charged sample S3 exhibited complete
IG fracture and a significantly lower total strain value of only ~ 9%. For H-charged
sample S3, the fracture initiated along the GB between the grains G1 and G2 followed
by propagation along the GB between the grains G2 and G4 (see Fig. 4.7a for fractured
image). For uncharged sample S4, the transgranular ductile fracture occurred along the
grain G3 (see Fig. 4.7b). Fractographic analysis in Fig. 4.7c confirms the complete IG
fracture for H-charged sample S3, whereas the complete TG fracture for sample S4 can be
seen in Fig. 4.7f. Tt is worth mentioning that even under very high stress and strain value
at failure, sample S4 failed in the transgranular manner (fracture occurred in the middle
of grain G3, absence of any crack at any location/GB can be validated from Fig. 4.7b).
These results indicate that the base material composition and heat treatment process used
in this work did not contribute to IG cracking and it is solely the H-uptake causing the
transition from TG to IG fracture. In H-charged sample S3, a crack was initiated at GB
between the grains G1 and G2. This crack then propagated along this GB and ultimately
extended between the connecting GB between the grains G2 and G4. Due to the similar

misorientation angle of the GB between the grains G1 and G2 as well as the GB between
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Figure 4.5: Details of microstructure for samples S3 (left column) and S4 (right column),
(a-b) Inverse pole figure in loading direction for the back face (c-d) inverse pole figure in
loading direction for the front face (e-f) maximum Schmid factor map corresponding to
the front face. In all the images, the RHAGBs and 33 GBs are colored as black and white
respectively

the grains G2 and G4, and their straight-line connection, the fractographic analysis (refer
to Fig. 4.7¢) reveals the absence of a clearly defined transition zone for cracking along these
GBs. High magnification images of sample S3 (Fig. 4.7d and 4.7e) reveal a brittle fracture
surface accompanied by very shallow slip traces near the specimen’s edges, whereas the
increasing intensity of plasticity can be evident toward the mid sample thickness. This
difference is considered due to the H-concentration gradient across the sample thickness,
resulting in a higher concentration near the surface compared to the middle of the specimen
as also described in the previous chapter.

Figure 4.8(a and c¢) display the GROD map for sample S3 along the fractured path (marked
with big red colored box in Fig. 4.7a). A high GROD value of 17 degrees can be seen only
in the vicinity of the GB between the grains G2 and G4 (see Fig. 4.8a and 4.8¢c) but not
along the crack initiation site along the GB between the grains G1 and G2. This result is
similar to the samples S1 and S2, where the highest GROD value is present at a location
where the crack is about to leave the specimen and is long enough to generate high-stress
levels at the crack tip to cause local deformation. Figure 4.8b shows the GROD map
for the sample S3 at the location in the vicinity of the GB between the grains G2 and
G3 (marked by the small red colored box in Fig. 4.7a). To compare with the uncharged
counterparts, the GROD map after a strain level of 9%, extracted from the location at the

GBs between grains G1 and G2 (Fig. 4.8d), as well as from the grain boundary between
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Figure 4.6: Tensile curves for H-charged sample S3 and uncharged sample S4
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Figure 4.7: (a) Post tensile fracture image for S3, (b) post tensile fracture image for
sample S4 (c-e) fractographic analysis of sample S3 and (f) fractographic image of sample
S4. White dotted lines are showing the intact grain boundaries. Red color boxes mark
the various locations for GROD maps shown in Fig 4.8
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grains G2 and G3 (Fig. 4.8e), is presented for sample S4. Comparison of Fig. 4.8b and
4.8¢ (taken from similar locations for sample S3 and S4, respectively) indicates a higher
value of localized plasticity (GROD value) for the H-charged sample S3. Meanwhile Fig.
4.8d shows the absence of any localized plasticity around the GB between the grain G1

and G2 for S4, which is also the case even for the H-charged sample S3.
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Figure 4.8: GROD maps after 9 % strain for (a-c) sample S3, and (d-e) sample S4

4.4 Discussion

Investigated oligocrystals revealed H-induced IG fracture as a key process for decreasing
the macroscopic ductility in H-charged samples compared to the uncharged ones.
The transition from transgranular (in the uncharged state) to intergranular (in the
hydrogen-charged state) fracture is believed to be determined by a critical combination
of hydrogen concentration and stress state developed at the GBs [15, 41, 102]. The
type of GBs, inter-connectivity of GBs network, microstructure adjacent to the GBs,
and loading conditions can significantly influence the concentration of hydrogen as well
as the stress state development at the grain boundary. Pertinent to the investigated
oligocrystal microstructure, all types of available GBs experience uniform direct exposure
to the H-charging media. Due to the low trap binding energy and low diffusion
coeflicient, the CSL >3 GBs is considered to result in an insignificant H-concentration
segregation and through-thickness penetration along these GBs [99, 115]. On the
contrary, high trap binding energy associated with the RHAGBs results in a high
thermodynamically segregated H-concentration, whereas their high diffusion coefficient
enables the through-thickness distribution of high H-concentration [91, 99]. The first
proposition would be that the dissolved high H-concentration penetrated through thickness
along the already weak RHAGBs can reduce the cohesion strength (via classical HEDE
mechanism) dramatically. Thus RHAGBs are the weakest link in the H-charged
samples responding to the applied remote stress and the local microstructure level
stresses. Previous numerical investigations reported that the H-concentration segregation

by thermodynamic equilibrium along GBs is not sufficient to cause IG fracture, thus
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suggesting the requirement of additional mechanisms responsible for establishing the
required threshold of critical H-concentration at the GBs [115, 116]. Deformation
preceding the IG fracture is considered to play a significant role toward generating
desired high H-concentration as well as developing critical stress levels at the GBs to
cause decohesion at the GBs [15, 37]. During deformation, H-redistribution via diffusion,
prompted by hydrostatic stress variations and amplified by the rapid H-diffusion along
interconnected high diffusivity RHAGBs, essentially creating a short-circuit diffusion
pathway, is one of the effective means to transport excess hydrogen toward the fracturing
GBs [91].

In Chapter 2, an analysis of hydrogen redistribution was conducted on small size
(overall domain size and grain size) polycrystalline configuration using the coupled
crystal plasticity-hydrogen transport model. This analysis specifically considered hydrogen
diffusion driven solely by the stress gradient. The polycrystalline configuration was

subjected to deformation at a strain rate of 9 x 10755~ L.

Within the polycrystalline
microstructure, the presence of elastic and plastic anisotropy at the grain level resulted in
varying stress (hence, hydrostatic stress driving diffusion process) distributed throughout
the microstructure. Those simulation results regarding hydrogen diffusion in nickel
polycrystals indicated that there was less than 10 % spatial variation in total hydrogen
concentration (dominated by diffusible lattice hydrogen concentration). In the current
work, the oligocrystals samples are subjected to deformation at a higher strain rate
(especially S2). Additionally, a few large-grain regions are considered to result in relatively
lesser stress heterogeneity sites. These sites are relatively isolated enough (due to large
grain size) to hinder significant hydrogen diffusion during the high strain rate testing.
Moreover, the lower stress levels (evidenced by the observed low YS and UTS values)
are further expected to cause an insignificant H-redistribution by stress gradient [20].
Furthermore, the investigated oligocrystal microstructure with large grain size and the
absence of an interconnected network of high diffusivity RHAGBs is considered to restrict

the accelerated diffusion by short-circuit mechanism also.

In the absence of high H-segregation through thermodynamic equilibrium and
diffusion-enhanced H-segregation, H-transport by mobile dislocations during plastic
deformation is considered to play an important role in raising the H-concentration at
the GBs [15]. Nevertheless, it should be noted that similar to the diffusion drive
H-redistribution, the transportation of hydrogen by mobile dislocations is contingent
on the strain rate levels. During high-strain-rate deformation of materials with a low
H-diffusion coefficient, it becomes challenging for hydrogen atoms to continuously move
along with mobile dislocations. The insignificance of the dynamic H-redistribution by
either mechanism (stress-assisted diffusion and H-transport by mobile dislocations) during
the deformation can be validated by comparing the results of H-charged oligocrystal
samples S1-S3. Sample S2 is tested at the highest strain rate than S1 and S3 but still
exhibits the highest reduction in total strain level, i.e. higher HE susceptibility. The

above discussion points toward the insignificance of dynamic H-redistribution toward the
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observed IG fracture and is in line with the earlier observed H-induced IG fracture even at
relatively high strain rates and also at low-temperature conditions where H-redistribution
by any of above discussed mechanisms remains dormant (23, 24]. The insignificance of
dynamic H-segregation (by stress-induced hydrogen diffusion and H-transport by mobile
dislocations) indicates that H-concentration accumulated by thermodynamic equilibrium
during H-charging prior to the onset of straining essentially governs the transition of

fracture mode from transgranular (TG) to intergranular (IG) fracture in current work.

The HELP mechanism postulates the acceleration of dislocation activities under the
H-atmosphere. The localization of accelerated dislocation activities in the vicinity of GBs
can raise stresses beyond the critical level to cause IG fracture [41], as also described
in Chapter 2. GROD maps are useful for identifying changes in material structure
caused by localized dislocation activities [114, 123]. H-charged oligocrystal samples S1-S3
failed in an IG manner, but there is an absence of significantly high GROD value
near the crack initiation sites. Nevertheless, when comparing the GROD value in the
vicinity of identical oligocrystal set S3 and S4 samples deformed to the same strain
level, H-charged sample S3 revealed a slightly higher GROD value than the uncharged
counterpart sample S4. This suggests that the presence of hydrogen has some effect on
enhancing localized acceleration of dislocation activities. However, the absence of a high
GROD value in the crack initiation site validates that this effect of H-induced increased
dislocation activity has a negligible effect on the IG fracture under the current testing
conditions. During charging, hydrogen enters from the surface and then diffuses to the
mid-sample thickness. The direct exposure of sample surfaces with the H-charging media
results in high H-concentration at the surface whereas a relatively lower concentration
toward the mid-sample thickness is expected. The presence of a concentration gradient
can be evident from the fractographic analysis revealing a flat fracture surface with
shallow slip traces near the edges, with relatively intense slip traces at the mid-sample
thickness as shown in sample S3. Earlier investigations confirmed the dominance of pure
decohesion mechanism under high H-concentration whereas HELP type mechanism plays
a significant role toward IG fracture under lower H-concentration [7, 15]. Shallow slip
traces near the surface confirm the limited role of H-induced plasticity toward the IG
fracture near the edges and the dominance of the HEDE-type mechanism there. Moreover,
relatively intense slip traces in the mid-sample thickness can at first be associated with
the H-induced accelerated plasticity [15]. However, it is to be noted that for hydrogen to
continue influencing dislocation interaction behavior and consequently develop localized
microstructural changes, it is essential that the hydrogen atmosphere moves with the
dislocations. During high-strain-rate deformation of materials with a low H-diffusion
coefficient, it becomes challenging for hydrogen atoms to continuously move along with
mobile dislocations, thereby hindering their ongoing impact on dislocation interactions
with other dislocations and obstacles, thus resulting in the limited effect of hydrogen in
accelerating localized deformation. Currently investigated Nickel-201 alloys (with very

low diffusion coefficient) revealed the IG fracture even at a high strain rate for samples
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S2 and S3. Insensitivity of the observed H-induced IG fracture to the strain rate and
absence of GROD value at the fracture initiation site thus indicates that just like dynamic
H-redistribution, the contribution of H-enhanced plasticity must be considered to be
secondary or insignificant. The intense slip traces in the mid-sample thickness can be
due to the absence of high H-concentration allowing some plasticity before fracture and
not necessarily due to the H-accelerated dislocation activities by the HELP mechanism
leading to IG fracture.

Based on the preceding discussions, it can be summarized that the high trap binding
energy of RHAGBs accumulates a sufficient amount of H-concentration by thermodynamic
equilibrium during the H-charging process lower the cohesion strength of these types of
GBs thus making it the weakest link of the microstructure susceptible for IG fracture.
These weak microstructure features fail under the application of external loadings during
which the essential role of plasticity is to increase the stress state by work hardening (not
necessarily localized as per the HELP mechanism) ultimately leading to an increase in the

critical stored energy at the grain boundaries in excess to the fracture energy.

4.5 Conclusion

In this chapter, the eflect of hydrogen in the oligocrystal specimens is investigated at
variable strain rates ranging from 4 x 10™% to 4 x 1073571, Conducting tensile tests at
varying strain rates on the oligocrystal samples helped in improving the comprehension
of the exact contribution of deformation in hydrogen-induced intergranular fracture.

Following are the highlights of the work:

e Regardless of the strain rate levels, all the H-charged oligocrystal samples displayed
complete intergranular (IG) fracture. This observation suggests that dynamic
H-redistribution (prompted by stress variations and amplified by short-circuit
mechanism and H-transport by mobile dislocations) is not a necessary factor causing

IG fracture.

e All the H-charged samples exhibited the intergranular fracture only at the RHAGBs
whereas no crack is observed along the CSL ¥3 GBs.

e Identical oligocrystal samples investigated in this chapter exhibited no significant
effect, while in Chapter 3, the identical oligocrystal set displayed an increase in
hardening for the H-charged sample. However, despite this difference in the effect of
hydrogen on the hardening behavior, identical H-charged samples in both chapters
experienced complete IG fracture. This indicates that there is no consecutive
relationship between the H-induced hardening and the propensity for IG fracture,

however, it may still be considered a minor secondary factor.

o From the present work, the relative insignificance of HELP (Hydrogen Enhanced
Localized Plasticity) mechanism-driven accelerated dislocation activities toward

intergranular (IG) fracture has been observed.
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Based on the above results and observations, it can be concluded that, in the context
of the oligocrystal samples, direct exposure of the RHAGBs with high H-trap binding
energy to the H-charging media leads to the accumulation of a substantial concentration of
hydrogen at these sites through thermodynamic equilibrium during the H-charging process.
This elevated hydrogen concentration reduces the cohesion strength of these particular
types of grain boundaries, rendering them the weakest links in the microstructure and,
consequently, more susceptible to intergranular (IG) fracture. In the H-charged samples,
these weakened RHAGBs fail when subjected to external loads where plasticity plays an
essential function in generating critical stress levels at the susceptible RHAGBs through
work hardening.

To corroborate the experimental observations presented in this chapter, the next
chapter employs a coupled crystal plasticity-phase field fracture model to simulate the
experimentally observed behaviors, including ductile transgranular fractures in uncharged
conditions and brittle intergranular fractures in conditions where hydrogen is charged in

oligocrystal samples.
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Chapter 5

Crystal Plasticity- Phase Field

Fracture Model for Nickel
Oligocrystals

5.1 Introduction

Understanding the fracture evolution behavior of metallic materials holds great scientific
significance owing to their extensive usage in numerous structural applications. The
intricate interplay of microstructural features such as grain orientation, grain boundary
characteristics, and defect concentration prompts a diverse range of mechanical properties,
culminating in the final fracture mode in transgranular and/or intergranular. Over the
past few years, numerical modeling has emerged as a powerful tool for designing materials
with improved mechanical properties and enhanced performance under different loading
and environmental conditions. Crystal plasticity finite element method has been widely
used to investigate the deformation behavior of crystalline materials ranging from single
crystal to single/multi-phase polycrystalline materials [124, 125, 126, 127, 128]. Although
computational models based on crystal plasticity for simulating deformation in crystalline
materials have advanced significantly over the past few years, the prediction transgranular
and/or intergranular crack propagation in crystalline materials is still in its early stages
of development [128, 129].

Several alternative approaches have been employed for simulating crack propagation in
continuum materials. Many of these methods employ linear elastic fracture mechanics
(LEFM) to describe material cracking at the macroscopic level. These include the
extended finite element method (XFEM) [130], generalized finite element methods
[131], the discontinuous Galerkin approach [132, 133], and cohesive zone models (CZM)
[134, 135]. The XFEM and CZM modeling approaches are mostly used in conjunction
with the crystal plasticity model to simulate the failure behavior in crystalline materials
[136, 137, 138, 139]. XFEM has the advantage of avoiding the need for adaptive remeshing
as the mesh remains generally independent of the crack geometry. However, obtaining
augmentation functions for 3D crack tip fields can be challenging when dealing with plastic
slip on crystalline lattices. Additionally, representing crack surface topology using 3D
level-set functions can be particularly problematic in the presence of inherent grain-scale

variations in multigrain microstructures [140, 141, 142]. On the other hand, CZM requires
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cohesive elements embedded between adjacent finite elements along the projected crack
path with special traction—separation constitutive relations. A major shortcoming with
CZMs in the polycrystalline plasticity framework is that they require a-priori knowledge
of crack paths for inserting the traction—separation laws in the computational model.
These methods often require modification to the FE formulation, mesh adaptation, element
deletion, or explicit mesh separation, which are computationally inefficient when dealing

with cracks with non-planar 3D surfaces [143].

The phase field method for fracture [144, 145, 146, 147, 148, 149, 150] has emerged
as a promising variational approach to overcome the limitations associated with the
discontinuity-based methods. This approach is based on the regularization of a sharp
crack surface through an auxiliary scalar field variable or order parameter ¢ € [0, 1] to
represent the crack topology. The original sharp crack discontinuity is approximated by a
smooth transition between the uncracked (¢ = 0) and fully-cracked (¢ = 1) material
phases. The evolution of the phase field parameter ¢ with deformation and loading
inherently represents the crack growth process. Appealing characteristics of the phase-field
model are its robustness, flexibility, easy incorporation into a conventional Finite Element
Method (FEM) framework, and its capability to model the crack initiation, propagation,
and coalescence in arbitrary geometries and dimensions without the need for remeshing
[145, 151, 152]. Since the initial work by Francfort and Marigo [153] substantial efforts
have been dedicated to improving solution methods [145, 154], refining discretization
strategies [155], and addressing implementation aspects [151, 152, 156, 157, 158, 159, 160].
Over the past few years, phase field fracture modeling has proven to be successful in
various applications, including simulating brittle fracture [152, 161, 162, ductile fracture
[157, 163, 164, 165], ductile-brittle transition [160, 166], and stress corrosion cracking
[167, 168], among others. Recently, phase-field fracture model is applied to simulate
the hydrogen embrittlement in elastoplastic materials [152, 168, 169, 170, 171, 172, 173].
The phenomenal plasticity model are widely coupled with the phase filed fracture model
without clearly considering the corresponding physical mechanisms. Lorezis et al.,
[174] combined a kinematically linear crystal plasticity model with phase field model
for simulating ductile fracture in a single crystal material. Shanthraj et al., [175]
integrated the phase field fracture model with a phenomenological crystal plasticity
model to simulate brittle fracture in polycrystalline configuration. Cheng et al., [143]
and Tu et al., [176] developed a wavelet-enriched adaptive finite element model for
solving coupled crystal plasticity-phase field model to simulate crack propagation in
polycrystalline microstructures, effectively reducing the computational time required for
solving this coupled model while demonstrating exceptional convergence properties. Based
upon the observations and recommendations by Borden et al. [157], regarding modeling
ductile damage using phase field fracture, Vakili et al. [177] and Maloth and Ghosh [178]
have introduced improvements in coupling strategies for crystal plasticity and phase field
fracture models. These improvements are intended to produce a ductile damage response

that corresponds more closely with experimental results, while also avoiding non-physical
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elastic deformations. Despite the numerous attempts to model the fracture phenomenon
using coupled crystal plasticity-phase filed fracture models, not a single attempt is made
to analyze the fracture in experimentally developed real microstructures. Applications
of the coupled framework of CP-PFM on the real experimentally developed oligocrystal
will be useful to bridge the gaps between the experimental observations and numerical
findings. The use of real experimentally developed oligocrystal samples (containing nearly
a single layer of a discrete number of grains) minimizes the need for additional assumptions
related to microstructural aspects such as number of grains, grain orientation, grain
boundary types, relative grain arrangements (in all directions), grain boundary network
and boundary conditions among others.

Chapters 3 and 4 involve experimental investigations focused on understanding the role
of microstructural aspects and loading conditions toward the transition from ductile
transgranular to H-induced intergranular fracture in oligocrystal samples. In this
chapter, a coupled crystal plasticity-phase field fracture model is developed to simulate
experimentally observed ductile transgranular (in uncharged) and brittle intergranular
(in H-charged) fractures in oligocrystal samples. Building upon the observations from
previous chapters, the subsequent sections of this chapter outline the key assumptions
that form the basis of the current simulation framework. Following this, the formulation
of the coupled deformation-damage framework, numerical implementation, the obtained

results, and ultimately, the emergence of important findings are discussed.

5.1.1 Summary of experimental observations and key assumptions for
coupled framework

While investigating the intricate phenomenon of hydrogen-induced intergranular (IG)
fracture in polycrystalline structures poses significant challenges, employing simplified
oligocrystal microstructured tensile samples with a discrete number of grains and grain
boundaries offers distinct advantages as detailed in previous chapters. In Chapter
3 different types of oligocrystal samples (true, quasi, identical, and bi-crystal type
oligocrystals) with distinct microstructure (in terms of GB types and Schmid factor
distribution) are investigated. In Chapter 4, the effect of strain rate is investigated on
nearly true-oligocrystals. Important observations from the experimental work (Chapter 3

and Chapter 4) are:-

e All the uncharged oligocrystal samples exhibited ductile transgranular fracture. This
indicates that the material composition and heat treatment process is not responsible

for IG fracture.

e In the H-charged samples, IG fracture occurred exclusively at the RHAGBSs, while
LAGBS, similar to CSL X3 GBs, remained intact. This implies the resistance of
LAGBs and CSL %3 GBs to hydrogen embrittlement under the presently employed

testing conditions.
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e H-charged bi-crystal type sample containing only CSL X3 and/or LAGBs (i.e.,
samples S5 and S6 in Chapter 3) exhibited transgranular fracture at significantly
high stress-strain levels, similar to the uncharged samples (i.e., sample S4 in Chapter
3 and Chapter 4). These results suggest that the reduction in total elongation is
primarily due to IG fracture along the RHAGBs, while the intragranular regions
and non-RHAGBs do not significantly contribute to the decrease in total elongation

under the current testing conditions.

e Regardless of the strain rate levels in Chapter 4, all the H-charged samples
displayed complete IG fracture. This observation suggests that dynamic hydrogen
redistribution (driven by stress and mobile dislocations) is not a necessary factor in

causing IG fracture. It appears to be an insignificant contributor to the IG fracture.

e Absence of peak GROD value in the vicinity of fracture initiation sites of H-charged
samples indicates the insignificance of HELP-driven accelerated activities toward the

GB decohesion.

e In Chapter 3, H-charged samples S1-S3 exhibited the IG fracture initiation at nearly
similar flow stress (and nearly similar GB normal stress) but at significantly different
total/plastic strain levels. This indicates that the fracture is stress dominated and
the role of plasticity other than raising the stresses at the GBs by work hardening
(not necessarily H-induced localized work hardening as suggested earlier by Martin

et al., [15]) should be minimum and insignificant.

e In Chapter 4, the identical oligocrystal samples exhibited no significant effect, while
in Chapter 3, the identical oligocrystal set displayed an increase in hardening for
the H-charged sample. However, despite this difference in the effect of hydrogen on
hardening between the two chapters, H-charged identical samples in both chapters
ultimately experienced IG fracture. This indicates that there is no consecutive
relationship between the H-induced increased hardening and the propensity for IG

fracture. However, it may still be considered a minor secondary factor.

Pertinent to the oligocrystal microstructure, all type of available GBs experiences
uniform direct exposure to the H-charging media. Due to the low trap binding
energy and low diffusion coefficient, the special ¥3 GBs is considered to result in an
insignificant H-concentration segregation and through-thickness penetration along these
GBs [96, 99, 115]. Using scanning Kelvin probe force microscopy (SKPFM), Ma et al.,
[108] characterized that similar to the special 3 GB, for LAGBs there was hardly any
hydrogen segregation. On the contrary, high trap binding energy associated with the
RHAGRBES can result in a high H-concentration segregation by thermodynamic equilibrium
during H-charging. Moreover, the high diffusion coefficient of RHAGBs enables the
through-thickness distribution of high H-concentration [99]. Furthermore, the RHAGBs
offer a weak resistance to fracture than the special £3 and LAGBs [94, 95]. Considering

the above discussion, which highlights the ineffective role of deformation-induced dynamic
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H-redistribution, the HELP mechanism, and the potential segregation of hydrogen at
weak RHAGBS, it can be concluded that the high concentration of hydrogen segregated
by thermodynamic equilibrium during H-charging itself reduces the fracture energy
of RHAGBs significantly.  This reduction in fracture energy ultimately results in
intergranular (IG) fracture in H-charged samples. In this context, the primary role of
deformation is to induce work hardening, effectively elevating stresses and stored energy
levels to a critical threshold at the H-susceptible RHAGBs.

In Chapter 4, all the investigated samples are true oligocrystals (i.e. consist of nearly a
single layer of grains in thickness direction) with relatively simple microstructure and do
not exhibit any specific texture in terms of the Schmid factor. Therefore, this chapter
studies the fracture evolution behavior on oligocrystal samples from Chapter 4. Guided
by the experimental observations, the presented numerical framework adopts a three-step
approach. In the first step, the coupled crystal plasticity and phase-field fracture model is
applied to replicate the macroscopic tensile response and microscopic ductile fracture of
uncharged identical sample S4. During modeling the ductile fracture of uncharged samples,
all the grains and all types of GBs are assumed to have similar fracture energy values.
In the second step, the coupled model is used to replicate the macroscopic decrease in
elongation for H-charged identical counterpart sample S3, with an additional assumption of
a decreased fracture energy exclusively along the RHAGBs. Step 1 and Step 2 are basically
used to calibrate the phase field fracture energy (w., more detail in following sections)
difference at the RHAGBs for H-charged and uncharged conditions. These calibrated
values of H-induced reduction in RHAGBSs fracture energy are then applied for simulating
the fracture behavior in two more samples i.e. S1 and S2. Subsequently, the resulting
fracture evolution pattern within the investigated samples is examined. Please note that
hydrogen as a degree of freedom is not explicitly solved; instead, its impact is addressed as
an ad hoc assumption, as explained in step 2. The rationale behind it is thoroughly justified
by the insignificance of dynamic H-redistribution i.e. H-effect is constant throughout the
deformation as discussed above. The section below outlines the formulation and numerical
implementation of the coupled crystal plasticity and phase-field fracture model used to
simulate ductile fracture in S4 and its adaptation for simulating IG fracture in samples
S1-S3.

5.2 Crystal plasticity-phase field fracture model

5.2.1 Kinematics of crystal plasticity

In the currently used dislocation density-based crystal plasticity model, the total
deformation gradient, F is multiplicatively decomposed into elastic (F.) and plastic parts
(F)p) as,

F=F.F, (5.1)
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The velocity gradient, L can be written as,
L=L, +FL,JF ! (5.2)

where, L, = FeFe_ Ujs the elastic distortion-rate tensor and L, = F‘ng Lis plastic
distortion-rate tensor. In the used crystal plasticity framework, the plastic velocity

gradient L, is composed of slip rates ~@ on each slip systems as,

N
L,=FJF,'= Z v s @ m® (5.3)
a=1
where, s* and m® are the orthonormal vectors in the direction of slip and normal to slip

plane respectively, for a slip system. '®’, symbolizes the tensorial product.

5.2.2 Coupling of crystal plasticity and phase-field fracture model for
ductile fracture

Following the earlier work [107, 143, 177, 178], the crystal plasticity and phase field fracture
models are coupled by defining the free energy for a damaged material as the sum of elastic,

plastic and fracture energy contribution as,

¥ = (B, 0) + ¢P(1.9) + 49 (6, Voo) (5.9)
where, elastic contribution (¢¢) to the free energy as a function of elastic Green—Lagrange
strain tensor, E¢ = % and phase field parameter (¢) is given by,

- 1
V= g(O)° = g(9)5E: €7 EF (5.5)

where, 1¢ = (E° : C¢ : E°)/2 is the elastic strain energy of the intact material, C¢ is fourth
order elastic stiffness tensor. The function g(¢) = [(1—¢)%+xk] governs the degradation of
elastic energy contribution from undamaged state (¢ = 0) to fully damaged state (¢ = 1),
with zk (=0.0001) is a small number added to avoid numerical singularity at ¢ = 1. The

above form of ¥¢ will yield the constitutive relations for elastic second Piola stress as [143],

s-(%g)—mwﬁzw (5.6)

The Cauchy stress, o can further be obtained using push forward approach as,
o = det(F.)'F.SF.T (5.7)

The plastic contribution to the free energy is defined as,

~

PP = g(9)¢"(n) (5.8)
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where Q/AJP is non-degraded stored energy due to defect formation during plastic deformation.
Following the earlier developments [107, 143] the internal state variable 1 can be
parameterized in terms of accumulated slip (Ygee = ) on each of the crystallographic
slip system « i.e. n® = % Accordingly, the degrading stored plastic energy is given as
[177):

N N
P = g(O)P(1) = 9(&) S / P (5.9)

The thermodynamic driving force conjugate to the internal variable v* is given by gy—’ﬂ =
g(¢)7&, which represents the slip resistance on the « slip system. Given a set of current
slip resistances, in the currently used dislocation density-based crystal plasticity model,

the slip system shears with a rate as,

n

sign(T®) (5.10)

7 = p*bug

.
g(P)Te

where, n is strain-rate sensitivity, b is the Burgers vector length, vg is the intial reference
velocity, p® is the dislocation density and 7%(= S : s ® m®) is the resolved shear stress
along slip system «. Multiplication of g(¢) with 7, results in a ductile damage response,
while avoiding nonphysical elastic deformations. Following Mecking and Kocks [68], the
dislocation density on slip system « is considered to emerge from the balance between the

dislocation multiplication and annihilation along that slip system, as:

p'a = (kmulti \% Pa - kannih pa)h;a| (511)

where, ki and kqppnip are the parameters that govern the dislocation multiplication and

annihilation behavior, respectively. For current work, the critical resolved shear stres

s is
considered as [67],
T = cauby/p® (5.12)

where cs is a fitting constant to account for interaction among dislocations on different

slip systems in an average sense and p is the shear modulus.

The classical version of fracture energy contribution for small strain analysis is defined as,
¢ _Geo o .
7’/)classit:a,l - % (¢ + ]¢V¢V¢) (5.13)

where, G, is the Griffith type fracture energy release per unit area, and Iy is the length
scale. A slightly modified version of the fracture energy density is proposed by Miehe et
al., [179, 180] as

b b
wthreshold = 2w, ¢ + EvﬁbV(b (5.14)

where w, is a constant representing specific fracture energy per unit volume. Note, in

contrast to the classical version of fracture energy, the phase field parameter ¢ in the
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modified version with threshold enters in the linear term. This modified formulation
declares a threshold on the initiation of fracture and the order parameter (¢) starts to
evolve only after a specific amount of energy is stored in the material. After some simple
algebraic manipulation along with taking w. = G/2ly, both the equations can be cast to

the same form [181] such as,

¢ _ @
7W/}threshold - T(¢) + 7Wbclassical (5'15)

where, T(¢) = [1 — (1 — ¢)?]w, is the threshold energy. Also, the classical version can be

written as,
6 ol
Zbclassical = 2l¢wc 2l¢ + 5V¢V¢ (5.16)

In this work a further modification as suggested by Haveroth et al., [182] is made and the
form of used fracture energy in reference configuration is,

12

¥® = 2w, <¢ + %)Voqﬁ.C_l.Vo(b) (5.17)

C = F'F represents the right Cauchy Green deformation tensor and V is the gradient
operator for reference configuration. The specific choice of free energy as in eqn. (5.5),
(5.9) and (5.17), will result in a governing equation for phase field variable in the spatial
format as [143, 183, 184],

oyYe  oyYP
205V .[V] — 2w, — =] =0 5.18
wl3V1ve] - 2~ (55 + 57 (5.19)
In order to start fracture once a certain amount of energy density is stored in the material,
one should require the mechanical driving force to exceed the threshold force. Hence, to
have more control on damage evolution behavior, eqn. (5.18) is modified to the form as
[185],

oYe  oyYP 2
- — — | —2w.(1 - -2 2 . = 1
(55 -%5) -20-0)) —mwo+mEV(Te=0 (1)
The necessary damage irreversibly constraint ¢ > 0 is ensured by replacing (80—15) and (E)O_zg)?)
with (ﬂ%gﬁHe) and (%?Hp), where (H® = max[07t+At]zZ;e) and (HP = mam[o,HAt]@/}p).

5.2.3 Numerical implementation and parameter calibration

A summary of governing equations and boundary conditions for the coupled
displacement-phase field fracture problem is provided in Appendix-IV. The current
modeling framework is implemented in commercial finite element solver Abaqus using
the two-layer scheme similar to [158, 186]. Layer one solves for dislocation density-based
crystal plasticity model in the UMAT (User defined Material) subroutine, whereas the
phase-field degree of freedom is solved in the UEL (User defined Element) subroutine.

Common blocks are used to transfer the data between the subroutines. More details on the
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implementation of a two-layer staggered algorithm for phase-field fracture can be obtained
in [145, 152, 158, 186]. Figure 5.1 displays the geometric models for samples S1-S4, with
the dimensions of length and height the same as used in the experiments (in Chapter 4).
However, since all the samples consist of only one layer of grains along the thickness, a
fixed thickness of only 100 pm is applied (which is smaller than the original thickness of
approximately 350 pum). While this approximation in thickness is expected to yield no
significant difference in the results, it will significantly reduce the overall computational
cost. For samples S3 and S4, the GB plane normal (for GB between the Grains G2
and G3 of both samples) is not perpendicular to the sample surface normal, thus the
geometries for the samples S4 and S3 as shown in Fig. 5.1a and 5.1b are used. However,
for samples S1 and S2, the GB plane normal of all the GBs is nearly perpendicular to
the sample surface normal (see the front and back face for S1 and S2 in chapter 4), thus
the geometric models of these samples are created by simply extruding the 2D face in
Z-direction (see Fig. 5.1c and 5.1d). Different colors of grains in Fig. 5.1(a-d) correspond

to the average crystallographic orientation in Euler angles (see Table 5.1 for Euler angles

of all the samples).

(b) H-charged sample S3

o o e ———————— -

(d) H-charged sample S2

B s s e s s s e )

o

Figure 5.1: Geometry for samples S1-S4 where the color of grains corresponds to the
crystallographic orientation obtained from average Euler angles as shown in Table 5.1
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Table 5.1: Average Euler angles for the grains in each of the modeled samples. Refer to
Chapter 4 for grain number.

Sample | Grain ID | @1 (°) | @ (°) | 2 (°)
Sample S1 Gl 359.0 | 144.90 | 352.6
G2 90.4 | 144.50 | 107.6
G3 129.40 | 135.70 | 106.0
G4 161.70 | 140.90 | 167.5
G5H 45.0 | 142,50 | 13.0
G6 321.6 | 144.70 | 351.90
G7 299.90 | 149.80 | 305.6

Sample S2 Gl 19.9 137.0 9.3
G2 301.20 | 140.36 | 267.7
G3 19.8 | 137.70 8.0
G4 302.8 | 141.2 | 267.8
GbH 19.9 | 137.70 7.0

G6 246.9 | 138.30 | 275.5
G7 129.2 | 136.8 | 174.9
G8 2479 | 1374 | 274.6

G9 131.6 | 137.70 | 175.8

G10 184.8 | 1409 | 177.4

G* 129.2 | 136.40 | 174.25
Sample S3 Gl 39.3 129.5 65.8

G2 309.7 | 146.0 | 341.0
G3 212.6 | 146.20 | 200.50
G4 166.70 | 152.40 | 184.8
Sample S4 Gl 43.0 135.5 67.3

G2 3109 | 145.7 | 3444
G3 2194 | 147.0 | 203.1

To simulate the tensile deformation behavior, all the samples are subjected to the same
type of boundary conditions i.e. on the left face (at X = 0) uy,y. = 0 and on right face
(at X = L), uy = u,uy =0 and u, = 0 is applied. Furthermore, taking into account the
requirements of mesh for phase-field fracture model [145] and the crystal plasticity models
[187], while considering computational cost and result accuracy (to effectively resolve the
fracture process zone and stress-strain values), the developed models are meshed using
linear hexahedral elements with an average size of 0.0125 mm. Identical oligocrystal set of
samples S3 and S4 (from Chapter 4) is used to calibrate the model parameters (specifically
phase-field fracture energy value). At first, the crystal plasticity parameters and phase
field energy value are calibrated against the macroscopic stress-strain curve for uncharged
sample S4. During this calibration procedure on uncharged sample S4, a uniform value
of phase-field fracture energy w. throughout the microstructure (i.e. all the grains and
all types of GBs) is considered. Inspired by the experimentally observed HE-induced 1G
fracture at RHAGBs responsible for the reduction of overall fracture strain, a reduced
value of w, exclusively at RHAGBs is calibrated for simulating total stress-strain curve
for H-charged oligocrystal sample S3. This fracture energy calibrated for RHAGBs under
H-charged condition is subsequently used to simulate the fracture behavior of samples S1

and S2. All the samples are deformed with the strain rate exactly the same as used for
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the experiments (see details in Chapter 4).

5.2.4 Diffused GB and equivalent fracture energy for H-charged samples

As discussed earlier, the transition from transgranular to intergranular fracture in the
investigated oligocrystals occurred primarily due to the H-induced reduction in RHAGBs
fracture energy. Accordingly, the transition in fracture modes can be predicted by using a
different (here, reduced) fracture energy at RHAGBs than the grain interiors and special
GBs (i.e. LAGBs, CSL ¥3 GBs). In this work, an additional auxiliary phase field ¢, is
introduced to regularize the material properties at the RHAGBs (for H-charged samples
only), forming a new material domain with continuous material properties [188, 189, 190].
Following [189], over a solid arbitrary domain  with boundary 9, the governing equation

and boundary conditions of the interface (RHAGB) phase field ¢, can be specified as,

¢rgb - lngv2¢'rgb =0 in Q
Orgp =1 on Ty, (5.20)
Vrgpmn =0 n 00

where I,.4 is a regularization parameter that describes the width of the RHAGBs and
®rgy = 1 represents a RHAGBs, m is the outward normal to 02, and I'y,,, describes the
surface of the RHAGBs. Diffusive representation of RHAGBs i.e. ¢, can be obtained
after determining their spatial locations and material properties. This parameter is also
solved in UEL and will not be updated after solving it for the initial step of the simulation.
The parameter ¢,g, is essentially different from the phase field for fracture ¢, which will
be updated to reflect topology changes due to crack propagation. In order to describe the
transition of fracture energy between the grains and RHAGBSs, the fracture energy for the

H-charged samples is assumed as,

We = wrgb[l - h(d)rgb)] + wmh(¢rgb) (5'21)

where w, represents the equivalent critical energy release rate. w.g and w,, indicate
the representative properties of RHAGBs and matrix (i.e. grains and CSL X3 GBs),
respectively. Considering the requirement of a monotonous transition between interface

and matrix, a form of h(¢,q) = (1 — ¢rgp)? is adopted in the present study.

5.3 Results

5.3.1 Phase field fracture simulation of identical oligocrystal samples S3
and S4

Table 5.2 shows the crystal plasticity parameters used for simulating the tensile
deformation behavior of all the investigated Nickel alloy oligocrystal. In addition to these
parameters, other crystal plasticity parameters pg = 7.0 X 10 mm ™2, ki = 250000

mm ™Y, kgpnin, = 7.5 and phase field related parameters, 1$=0.030 mm, and w,=75 MPa are
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used throughout the model microstructure of sample S4 to simulate ductile transgranular
fracture. A comparison of experimental and simulated stress-strain curves for S4 is shown
in Fig. 5.2. Figure 5.3a shows the fracture pattern evolution (phase field parameter)
for sample S4, wherein similar to the experiments (as in Section 4.3.2) transgranular
fracture along the grain G3 can be observed. Moreover, just like experiments, there is
no crack at any other location. Good agreement between experimental and simulated
macroscopic stress-strain behaviors, alongside the microscopically observed fracture for
sample S4 evident in the current framework’s adeptness for simulating ductile fractures in

real crystalline microstructures.

140 ] ——S4 (Exp.) —— S84 (Sim.)
S3 (Sim.)

— 53 (Exp.)

0 T T X T T T H T X
0 10 30 40 50

20
Strain, %

Figure 5.2: Comparison of simulated and experimental stress-strain curves for identical
oligocrystal set samples S4 and S3

Table 5.2: The crystal plasticity related parameters used in model

Parameter Symbol | Magnitude Units Reference
Ci1 246 GPa
Elastic constant Cha 147 GPa [75]
044 124 GPa
Inverse strain-rate sensitivity n 20 - [18]
Burgers vector length b 2.5 x 1077 mm [18]
Slip systems N 12 -
Reference dislocation velocity Vo 5 mm- s~ ! [18]
Scaling constant 3 0.5 - [18]

Because samples S3 and S4 are sourced from the same heat and location, and exhibit
identical microstructures while being tested at the same strain rate, the CP-related
parameters calibrated for sample S4 are directly utilized to simulate the tensile
deformation-induced fracture evolution behavior of sample S3. However, unlike the
uncharged sample S4, which employs a uniform fracture energy per unit volume (w.= 75

MPa) throughout the sample, to replicate the experimentally observed H-induced decrease
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in macroscopic strain due to IG fracture, for H-charged sample S3, a different (reduced)
value of fracture energy along all available RHAGBs is considered. The diffused GB
parameter (¢rqp) is used to define the transition of fracture energies between the grains
(wr,) and RHAGBs (wygp) as per the eqn. (5.21). To evaluate the diffuse RHAGBs (¢y4s),
the length scale parameter I,.g, = Iy is adopted. Note that the special ¥3 GBs available
in sample S3 are assigned the same fracture toughness values as those used for the grains.
Accordingly, the fracture energy per unit volume for the RHAGB region i.e. w,g=1.52
MPa while for other locations (grains and special ¥3 GBs) w,,=75 MPa are selected
for sample S3 simulations. Note that the same fracture energy value is applied to both
RHAGBS of sample S3 due to their similar misorientation angle (~ 36°) and exposure to
the same H-charging condition. This choice successfully replicates the macroscopic strain
levels for H-charged sample S3, matching the experimental results. The comparison of
macroscopic stress-strain curves obtained from simulation and experimentation for sample
S3 is shown in Fig. 5.2. Figure 5.3b displays the fracture evolution pattern of sample S3,
mirroring the experimental observations (as shown in Section 4.3.2). Initially, a crack
forms at the RHAGB between grains G1 and G2, followed by its propagation towards
the connecting RHAGB between grains G2 and G4. It is noteworthy that the reduced
fracture toughness along all the RHAGBs makes it equally likely for crack initiation at
both these RHAGBs. However, similar to the experiments, the crack first occurs along
the grain boundary between grains G1 and G2 before propagating to the grain boundary
between grains G2 and G4. This alignment of simulated tensile behavior and fracture
evolution with the experimental results provides further validation for the effectiveness of

the current model in predicting intergranular (IG) fracture.
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Figure 5.3: Phase field fracture parameter evolution for (a) uncharged sample S4, and (b)
H-charged sample S3

5.3.2 Intergranular fracture in H-charged samples S1 and S2

Oligocrystals with few randomly oriented grains display anisotropic mechanical response.

Consequently, even after the same H-charging, the experimental stress-strain behavior
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(vield strength, hardening rate, and fracture strain) obtained for H-charged samples S1
and S2 is different from H-charged sample S3. In Chapter 2, it was observed that the crystal
plasticity parameters pg, kmuiti, and kgnnin are most important to replicate macroscopic
stress-strain behavior. Accordingly, in addition to the crystal plasticity-related parameters
in Table 5.2, for samples S1, pg = 9.0 x 10mm =2, ks = 380000mm ' and kappin = 7.5
while for samples S2, po = 1.0 x 10"mm ™2, kpuu = 340000mm =" and keppin = 7.5
are used to replicate the macroscopic tensile behavior. Note that these different crystal
plasticity-related parameters of samples S1 and S2 from the one used for S3 and S4 is
not due to a different effect of hydrogen on the mechanical behavior, rather it indicates
the effect of the different number of grains with different size and orientation in all these
samples. Moreover, since oligocrystal samples S1-S3 are subjected to identical H-charging
conditions, it is presumed that the initial H-concentration and, consequently, the effect
of hydrogen on fracture energy along all RHAGBs in samples S1-S3, regardless of their
misorientation angle, is similar. Consequently, the fracture energy (for RHAGBs and
non-RHAGB regions) value from sample S3 is directly applied to samples S1 and S2.
Figure 5.4a and 5.4b display the fracture evolution behavior obtained for samples S1 and
S2, respectively. Interestingly for S1 and S2, simulation results displayed fracture along
the exact same RHAGBs that fractured in the experiments, while showing no cracks along
any other RHAGBs available in S1 and S2.

(a) H-charged sample S1 ¢
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~~__ G5
~G3 - GA/

) G6
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Figure 5.4: Phase field fracture parameter evolution for sample S1 and S2

From the comparison of simulated and experimental tensile curves for samples S1 and S2 in
Fig. 5.5, it becomes evident that the simulations under-predicted the impact of hydrogen
on macroscopic ductility for sample S2, while accurately predicting the effect of hydrogen
on the macroscopic tensile curve of sample S1. The discrepancy between the simulated and
experimental macroscopic tensile curve for sample S2 can be attributed to an underlying
assumption in the present work. In particular, it is assumed that the reduction in fracture
energy caused by hydrogen would be uniform across the RHAGBs in H-charged samples
(S1-S3), regardless of their misorientation angles. Sample S2 exhibited a fracture at a

RHAGB with a misorientation angle of ~52°, whereas the angle of misorientation for the
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RHAGBs along the fractured path of sample S1 is ~42° (between grains G3 and G4),
~25° (between grains G1 and G4), ~41° (between grains G2 and G4), ~41° (between
grains G2 and G5) and ~55° (between grains G2 and G6). The calibration of H-induced
reduction in fracture energy is done on sample, S3, which has a misorientation angle along
the fractured RHAGBs of ~36°. The fracture initiated for sample S1 along the RHAGBs
(at two locations i.e. between the grains G3 and G4, and between the grains G2 and G5)
with a misorientation angle of ~41°, which is a situation more close to the sample S3.
The significantly high misorientation angle of the fractured RHAGB in sample S2 might
potentially have resulted in not only comparatively higher segregation of hydrogen but
also other impurities. This, in turn, might have caused a greater reduction in cohesion
along the fractured RHAGB for sample S2 than the other two samples. However, the
exact dependence of hydrogen-induced reduction in cohesion energy on grain boundary

misorientation angle is still open for research.
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Figure 5.5: Comparison of simulated and experimental stress-strain curves for H-charged
samples S1 and S2

5.4 Discussion

The crystal plasticity phase-field fracture model effectively reproduced both ductile
transgranular fracture and hydrogen-induced intergranular fracture, aligning with the
experimental results. In line with experimental observations, all the simulations of
H-charged samples are conducted without any specific treatments aimed at enhancing
localized plastic work hardening (via the HELP mechanism) at the GBs. Moreover, as
a representative of thermodynamically trapped (during the charging process) hydrogen
causing IG fracture along the RHAGBSs, a constant (throughout the deformation, as H is
not redistributed) reduction in fracture energy along the RHAGBs predetermined prior

to the onset of straining is assumed. Applying the same reduced fracture energy along
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all the RHAGBs in samples S1-S3 closely mimicked the macroscopic tensile behavior
and provided accurate predictions of the microscopic fracture evolution behavior. It is
intriguing that, in the case of samples S1 and S2, the identical reduction in fracture
energy was applied to all the available RHAGBS, yet fracture initiation and propagation
were observed exclusively along specific RHAGBs, while others remained intact without
any fracture. This phenomenon can be attributed to the fact that the total stored energy
driving the fracture is strongly influenced by the deformation of grains adjacent to the GBs.
The crack evolution in the used crystal plasticity phase-field fracture model is driven by the
stored elastic and plastic energy. Since, fracture occurred after a certain amount of plastic
strain, the plastic energy’s contribution significantly outweighs that of elastic energy in
driving the fracture process [177]. Consequently, fracture is primarily triggered by stored
plastic energy, with elastic energy playing a negligible role in comparison. The primary
role of plasticity in the implemented coupled framework is to induce work hardening,
effectively elevating stored energy to be released during fracture. Given that the simulation
results successfully reproduced the fracture at specific RHAGBs in a manner similar to
the experiments and also nearly replicated the macroscopic strain levels for H-charged
samples, the primary function of plasticity in generating critical stress levels at the grain
boundaries through work hardening (influenced by adjacent grains) is duly confirmed.
This process ultimately results in an escalation of the critical stored energy at the grain

boundaries, which is subsequently released during the fracture process.

The simulated H-induced reduction in macroscopic strain levels is obtained after
significantly reducing the fracture energy along the RHAGBs from 75 MPa in the
uncharged case to 1.52 MPa in the H-charged case. It is still debatable if sufficient
hydrogen at the GBs can reach by thermodynamic equilibrium to cause this much amount
of reduction in the GB fracture energy promoting IG fracture. However, it is to be
reminded that pertinent to the oligocrystal microstructure, all the fracturing GBs were
in direct contact with the electrochemical charging medium containing recombination
poison, a combination that can lead to a high H-concentration diffusion into materials [95].
Moreover, the RHAGBs are also potential sites for the impurities segregation other than H
such as Oxygen, Phosphorus, and Sulfur [94, 95, 191]. These impurities segregated (other
than hydrogen) to the RHAGBs can induce IG fracture independently and/or can modify
the hydrogen-grain boundary interaction to promote the IG fracture [95, 102, 191]. The
experimental investigations in previous chapters (Chapter 3 and Chapter 4) on identical
oligocrystals showed IG cracking exclusively in the hydrogen-charged samples, indicating
that IG fracture was primarily induced by hydrogen uptake rather than any other impurity
segregation. However, it is important to acknowledge that the potential impact of these
segregated impurities, even in trace amounts, on the kinetics of hydrogen trapping at the

grain boundaries favorable for decohesion cannot be refuted.

Using positron annihilation, Lawrence et al. [85] presented evidence of the preferential
formation of vacancies and their clusters, especially around the GBs. Moreover, authors

reported that the plastic deformation of hydrogen-charged Ni-alloy resulted in the
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generation of additional free volume and this mechanism was active even at the conditions
when hydrogen is essentially immobile. The increasing density of such vacancy-type defects
can gradually break the GB structural integrity, possibly making the final GB separation
easier via the HEDE mechanism [100]. Therefore, the significant decrease in fracture
energy noted at the RHAGBs in the hydrogen-charged samples can be ascribed to a
confluence of factors, encompassing the thermodynamic segregation of H-concentrations,
the presence of impurities other than H, and the accumulation of vacancies. However, the
specific contributions of each of these mechanisms to the net decohesion effect in H-charged

materials is a subject for future investigation.

5.5 Conclusions

This chapter involves the development and application of a coupled crystal plasticity-phase
field fracture finite element model to comprehend the observed phenomena of ductile
transgranular fracture and H-induced brittle intergranular fracture in the oligocrystal
samples studied experimentally in Chapter 4. The developed framework is implemented
in the commercial finite element package Abaqus using UMAT and UEL subroutines. With
the aid of these simulation results, it is duly confirmed that the primary role of deformation
during hydrogen-induced 1G fracture in the investigated oligocrystals is to induce work
hardening, effectively raising stress and stored energy levels to a critical threshold at the
hydrogen-susceptible RHAGBs.

81



Chapter 5. Crystal Plasticity- Phase Field Fracture Model for Nickel Oligocrystals

82



Chapter 6

Hydrogen Induced Blister
Cracking and Mechanical Failure

in Pipeline Steels

6.1 Introduction

American Petroleum Institute (API) 5L graded pipeline steels have been an efficient
means for long-distance bulk transportation of hydrocarbons and natural gases [192]. The
electrochemical evolution of hydrogen atoms; a byproduct of cathodic over-protection
and other corrosion processes, make these pipeline steels prone to hydrogen-assisted
degradation [27, 193]. Afterward the initial findings of Johnson [8], extensive research
has been conducted to elucidate hydrogen-based degradation in steels. Similar to the
other metallic materials, atomic hydrogen dissolved into pipeline steels leads to the
deterioration of their overall mechanical properties (ductility, fracture toughness, fatigue
life) by promoting a transition from ductile to brittle fracture [26, 194, 195, 196]. As also
defined in the earlier chapters, this phenomenon of H-induced ductile to brittle failure
transition is referred to as hydrogen embrittlement (HE) [197, 198, 199]. Hardie et al.
[26] reported the HE in terms of a decrease in ductility and cross-sectional area of three
different API pipeline steel grades. A linear decrease in fracture toughness with an increase
in pre-recharged hydrogen concentration was observed by the Wang [194]. Chatzidouros et
al. [200] also confirmed the reduction of fracture toughness under a hydrogen atmosphere.
Moreover, a decrease in fatigue life and an increase in fatigue crack propagation rate in
pipeline steels under hydrogen atmosphere have also been reported [195, 201, 202, 203].
Similarly to other materials, the impact of hydrogen on the mechanical properties of
pipeline steels is typically explained by the HELP and/or HEDE mechanisms of hydrogen
embrittlement.

However, one of the uncertainties associated with measuring and evaluating the
hydrogen embrittlement (HE) sensitivity of pipeline steels is their high susceptibility to
hydrogen-induced cracking (HIC) [27, 29, 30]. For pipeline steel materials, the ingress
of hydrogen through either cathodic charging or exposure to a high-pressure hydrogen
atmosphere can lead to the formation of cracks/blisters/bubbles on the surface of the
sample, even in the absence of external mechanical loads [17, 204, 205, 206, 207, 208,
209, 210, 211]. The cracks and blisters that develop on the sample surface solely due
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to hydrogen exposure, without the influence of external mechanical loads, are commonly
referred to as hydrogen-induced cracks/blisters (HIC). As per the definition given by
the National Association of Corrosion Engineers (NACE), the term hydrogen-induced
(HIC) cracking covers the now obsolete terms of step-wise cracking, hydrogen-induced
step-wise cracking, blister cracking, and hydrogen pressure cracking [17]. In pipeline steels,
interfaces like grain boundaries, phase boundaries, and non-metallic inclusions-matrix
interfaces act as strong traps for hydrogen [212]. At these interfaces, dissolved atomic
hydrogen accumulates, recombines, and precipitates the gaseous hydrogen molecules when
the hydrogen solubility limit of the material is reached. This precipitation creates an
incipient crack/blister, and the growth of this crack/blister is propelled by the pressure
of hydrogen gas trapped within it [17, 213, 206]. Blisters formation can be perceived
if hydrogen pressure in the voids induces stress in excess to yield strength of material,
and cracks can be perceived as a result of stress in excess to the force of atomic
bonding [206, 207, 208, 209, 210, 211, 214]. Mohtadi-Bonab et al. [27] reported the
MnS inclusions as the primary sites to crack initiation in pipeline steels. Xu et al.
[28] supported the threatening role of mixed Al-Si-Mg-O inclusions to promote the
HIC. Ren et al. [207, 208, 214] proposed a model of blistering due to superabundant
vacancies that combine with hydrogen to generate hydrogen-vacancy clusters. These
clusters expand further by diffusion of vacancies into them and become small pores. The
recombination of hydrogen atoms in such cavities increases the gas pressure. Griesche
et al. [215] strengthened these findings related to the blistering phenomenon in pure
iron by 3D neutron tomography. The authors concluded that the existence of the
second phase is not essential for blister formation as blisters were forming in the pure
iron also. Moreover, multiple micron-sized pores situated at grain boundaries after
hydrogen charging were concluded to be responsible for the blistering phenomenon. Grain
boundaries are also considered potential sites for hydrogen-induced crack nucleation in
pipeline steels. Grain boundaries play a dual role under the hydrogen atmosphere
i.e. acts as faster hydrogen diffusion pathways as well as hydrogen traps. Hence,
the microstructures with intermediate grain size are considered optimum against the
hydrogen-induced cracking [212]. Refined equiaxed microstructures with minimum stored
energy also offer potential resistance against HIC in pipeline steels [216]. Other than
the grain boundary area fraction, the presence of different phases in the pipeline steels
plays a more significant role in HIC behavior. Hydrogen-induced crack initiation and
propagation along polygonal ferrite grains instead of acicular ferrite was observed by
Dong et al. [30]. Dunne et al. [204] observed that hydrogen trapping in pipeline steels
decreases in the order of banded ferrite-pearlite, equiaxed ferrite-pearlite, ferrite-granular
bainite, and bainite-ferrite, which indicates the varying degree of cracking tendency among
different microstructures. Martensite/Austenite (M/A) islands are reported to be the most

threatening for HIC nucleation [29].
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6.1.1 Difference between the HIC and HE

HIC and HE are fundamentally different forms by which hydrogen can cause degradation
of materials, but their potential confusion arises from the ambiguous naming conventions
frequently employed in the literature [17, 193]. The process of HE, in general, requires an
applied force and does not generally have hydrogen gas precipitation within the material.
Moreover, HE affects various classes of metals, whereas hydrogen-induced cracking (HIC)
is primarily a concern in non-austenitic steels [5, 17]. Other metals/alloys typically do
not exhibit HIC unless they are exposed to extremely aggressive electrochemical hydrogen
charging. Unlike the HE effect, where materials may still perform in a ductile manner
once hydrogen is removed, hydrogen-induced cracking (HIC) is irreversible. In HIC, cracks
or blisters, once formed, will remain there even after the removal of hydrogen from the

material.

6.1.2 Integration of HIC and HE

As discussed above there is numerous work conducted so far to study the phenomenon
of HIC and HE in literature. In the controlled laboratory environment, when conducting
studies primarily focused on hydrogen embrittlement (HE), researchers typically design
hydrogen charging conditions to avoid the development of hydrogen-induced cracking
(HIC). However, it’s essential to highlight that real service conditions for pipeline
steels can give rise to both of these phenomena. Moreover, it is often the synergistic
interaction of hydrogen-induced cracking (HIC) and hydrogen embrittlement (HE) that
must prevail to govern the overall structural integrity of the materials. It is important to
acknowledge, that HE likely plays a crucial role in the HIC process. Conversely, gaseous
hydrogen-induced cracks and blisters (HIC) are likely to impact the material’s response
in the surrounding area during mechanical loading.

For economical transportation through these pipelines, it is essential for the pipelines to
have large diameters and work under high internal pressures to avoid the use of thick
wall pipelines to decrease the overall project expenditure. As a result, these pipelines
are subjected to both tensile and fatigue loading. Fatigue cracks usually initiate at the
specimen surface by stress concentration that gives rise to localized irreversible plastic
deformation even at a stress level much lower than macroscopic uniaxial yield strength.
Local stress concentration on the surface can be caused due to variety of microstructural
in-homogeneities (such as different phases, nonmetallic inclusions, precipitates, grain or
phase boundaries, and triple junctions) as well as non-microstructural in-homogeneities
(such as surface roughness, notches, persistent slip bands during fatigue loading) [217,
218, 219, 220]. A critical combination of stress concentration and hydrogen content in
the hydrogen atmosphere further intensifies this localized micro-plastic fatigue damage by
activating hydrogen concentration-dependent different HE mechanisms. Total fatigue life
can be divided into crack initiation and growth stages. The crack initiation stage is linked

with crack nucleation and short crack propagation until the crack length reaches a limit
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detectable by non-destructive testing (NDT) methods [221]. Pearson [222] observed that
short fatigue cracks initiated either from the microstructural inhomogeneity or from the
external notches show enormously fast propagation even at lower threshold stress intensity
factor than customarily scrutinized LEFM (linear elastic fracture mechanics) based long
fatigue cracks. Typical significance of studying the short fatigue crack over LEFM-based
long fatigue crack is well established [221, 222, 223, 224]. Recent investigations reported
a significant effect of hydrogen to intensify the propagation rate of short fatigue cracks
due to the coexistence of more than one HE mechanism; primarily HELP and/or HEDE
[225, 226].

It is important to note that, much like short fatigue cracks, HIC is also a phenomenon
that predominantly occurs near the surface of the material. Besides the extensive
research on the hydrogen effect during mechanical loading, the role of hydrogen-induced
near-surface defects formed during H-charging prior to the mechanical loading (i.e. HIC)
on mechanical properties with special emphasis on short fatigue crack behavior has not
been considered significantly. The present work aims to highlight the critical nature
of these hydrogen-induced blister cracking on the mechanical property degradation of
API 5L X65 steel. In this chapter, firstly, the role of microstructural constituents
in hydrogen-induced cracking and blister (HIC) formation is discussed. Subsequently,
H-charged tensile specimens containing the blisters and cracks (formed during H-charging)
are subjected to the slow strain rate tensile (SSRT) tests. Finally, a short fatigue crack
growth framework is used to highlight the critical influence of hydrogen-induced blisters

on the fatigue crack growth rate.

6.2 Experimental procedure

6.2.1 Material and microstructure

High strength low alloy API X65 steel plates (with chemical composition as shown in
Table 6.1) processed via thin slab casting and rolling facility was used in this study. To
examine the microstructural details, specimens were polished sequentially to 2000 grit size
SiC abrasive papers followed by cloth polishing with diamond paste of size 1 pm. To
reveal the microstructural constituents present in the material, an etchant containing 2 %
Nital solution was used. In order to confirm the presence of M/A constituents, two-stage
tint etching i.e. etching with LePera reagent (for 25 seconds) followed by electro-polishing
(at 5V for 120 seconds) in a solution of distilled water (100 ml), NaOH (25 g), and picric
acid (5 g) was employed. After this tint etching, optical microscopy reveals M/A as white,
carbides as black, and ferrite matrix appears lighter than the carbides but darker than the
M/A constituents [200].

Table 6.1: Chemical composition of investigated API 5L X65 steel.

Element C S P Mn Si Mo Al A\ Nb Fe

X65 0.054 | 0.001 | 0.012 | 1.498 | 0.230 | 0.086 | 0.029 | 0.0355 | 0.0572 | Balance
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6.2.2 Hydrogen charging

The hydrogen atmosphere was simulated by exposing the specimens electrochemically
to an electrolyte containing 1IN HsSO4 solution along with 1.4 g/L Thiourea (as
recombination poison) under a constant current density of 20 mA/em? for a period of
4 hours. Before hydrogen charging, samples were polished similarly as explained in the
previous section. Specimen as cathode and platinum mesh as anode were maintained
during hydrogen charging. Post hydrogen charging, samples were re-polished with
diamond paste for two minutes and then were investigated in the optical microscope
and SEM (scanning electron microscope; JEOL; JSM-6610) to check specimen status
against hydrogen-induced cracks/blisters formation due to hydrogen charging. Japanese
Industrial Standard (JIS) Z 3113 test procedure was used to quantify the content of
diffusible hydrogen after hydrogen pre-charging [227]. An average hydrogen content of 5.4

wppm was quantified with this method.

6.2.3 Tensile and fatigue experimentation

To evaluate the HE susceptibility of the investigated material, a room temperature
SSRT test at a strain rate of 5 x 107°s~! was conducted on the tensile specimen with
4 mm thickness and 25 mm gauge length (see Fig. 6.1a). SSRT was conducted in
both uncharged and hydrogen-charged conditions. For hydrogen-charged conditions, a
tensile specimen undergoes the SSRT test immediately after the hydrogen charging. The
Hydrogen embrittlement index (HEI) i.e. a quantitative measure of HE susceptibility was
computed as:-
(Ra — Rp)

LA

Here, R4 and Ry are the reductions in the cross-sectional area after the fracture of

uncharged and hydrogen-charged specimens respectively.

To reveal the hydrogen influence on fatigue crack, in-situ investigations of short fatigue
crack growth on single edge notch tension (SENT) specimen (see Fig. 6.1b ) with an initial
notch size of ~ 50 pum were conducted using digital microscope (Dino-lite; AM73915MZT).
For hydrogen-charged condition, the SENT specimen was subjected to fatigue loading
immediately after hydrogen charging. Fatigue experiments were performed with stress
range (Ao), R-ratio, and frequency of 315 MPa, 0.1 and 35 Hz respectively in both
hydrogen-charged and uncharged conditions. The fatigue tests were interrupted at regular
intervals (in terms of the number of cycles) to take images so as to track the crack path
ahead of the notch after each interval. The process of image capturing led to a break of 15
seconds after regular intervals to otherwise continuous fatigue loading experiment. The
post-processing of these images provided the data regarding crack length (a) corresponding
to a particular number of cycles (N). Secant method as per ASTM standard E647-11 was

used to calculate crack growth rate (da/dN) as:
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Figure 6.1: (a) Specimen configurations used for tensile testing and (b) specimen to track
short fatigue crack propagation ahead of notch (all dimensions are in mm)

=N 6
where, (a;+10a;) is the increment in crack length after (N;1NV;) increment in loading cycles.
Once the crack grows up to a predefined crack length i.e. ~ 500 pm, the test is stopped.
Thereafter the fatigue-tested specimens were etched and were further investigated in SEM
and EDS (energy dispersive X-ray spectroscopy) to extract the microstructural sensitive

convoluted details.

6.3 Results and discussion

6.3.1 Starting microstructure

Figure 6.2 presents the optical and SEM images of X65 steel microstructure composed of
ferrite (white in Fig. 6.2a) and heterogeneously distributed pearlite (see Fig. 6.2c¢ and
6.2d). Tslands/stringers situated at the grain boundaries were confirmed using tint etching
as M/A phase (white color in Fig. 6.2b). Random distributions of incoherent inclusions
enriched in oxides of Al and/or Si were also observed in the parent matrix. The average

grain size of ~10 pum was recorded by using the linear intercept method.

6.3.2 Effect of electrochemical hydrogen charging

Electrochemical hydrogen charging resulted in multiple surface cracks and blisters
formation as shown in Fig. 6.3. Blisters of nearly circular/oval shape with a maximum

longitudinal dimension of ~ 500 ym were found mixed in a dome shape and plateau-like
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Figure 6.2: Starting microstructure of investigated X65 steel, (a) optical image after Nital
etching; (b) optical image after tint etching; (c) and (d) are low and high magnification
SEM images after Nital etching. P: Pearlite, M/A: Martensite/Austenite, Inc: Inclusion

elevations emerging from the surface. A large variation in the blister size can be observed
in Fig. 6.3a. Nearly all the blisters were accompanied by the cracks on their wall i.e.
blister wall cracks (BWC) as shown in Fig. 6.3b. Cracking along the blister wall i.e.
BWC is facilitated primarily by the inclusions. EDS analysis confirmed these inclusions
enriched with oxides of Al and Si (Fig. 6.4a). Besides the blister wall cracking, these
inclusions also promoted the formation of the cracks (see Fig. 6.4b). Hard, brittle, and
incoherent Al-Si-O inclusion interfaces act as irreversible hydrogen trapping sites. The
recombination of hydrogen atoms forms hydrogen molecules at these trapping sites and
leads to pressure rise. This pressure rises when exceeds a critical value, and cracking
initiates [212, 28]. Observations regarding the role of mixed inclusions of Al-Si-O on
hydrogen-induced cracking are consistent with previously reported results [28, 228].

Mohtadi-Bonab et al. [27] reported oxides inclusions as insignificant to HIC; whereas MnS
inclusions were reported to be the most threatening to HIC. It is important to discuss here,
that no traces of MnS type of inclusions are observed in the present work. The absence
of MnS type inclusions is due to the sufficiently low content of Sulfur i.e. 0.001 % in the
investigated material [28]. Ghosh et al. [212] summarized the control of Sulfur content (~
0.001 %) as a necessary condition but not the sufficient one to control HIC in pipeline steels,

as HIC can be caused by other than MnS type of inclusions also. The threatening role of
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Rt

Figure 6.3: (a) Blister formation after hydrogen charging and (b) hydrogen induced surface
cracks and blister wall cracking. BB: Blister on blister, PB: Plateau-like blisters, BWC:
Blister wall cracking

mixed Al-Si-O inclusions in the absence of MnS inclusions observed in the present work
confirms that other than control of sulfur content, proper thermo-mechanical processing
routes and alloying addition to avoid the oxide inclusions are also mandatory to improve

the resistance of pipeline steels against HIC.

@)

Figure 6.4: (a) Blister wall cracking and (b) hydrogen-induced surface crack along the
Al-Si-O inclusions

M/ A stringers situated at the grain boundaries also promoted hydrogen-induced cracking.
Figure 6.5 clearly demonstrates hydrogen-induced cracking along M/A stringer and
following grain boundaries on both sides. A relatively high concentration of hydrogen
trapped at the M/A interfaces is the prime reason to promote HIC. A similar observation
regarding the role of M/A stringers on HIC is reported by Park et al. [29]. Interestingly,
no relevance of the pearlite/pearlite-ferrite interface is found to facilitate HIC and blister
wall cracking in this work. This was suspected as a consequence of the lesser amount of

pearlite and that too nearly equiaxed in shape, available in the microstructure.
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Figure 6.5: Hydrogen induced cracking along M/A stringer

6.3.3 Slow strain rate tensile (SSRT) test

Figure 6.6 shows SSRT curves obtained at room temperature for uncharged and
hydrogen-charged X65 steels. Hydrogen-induced macroscopic hardening i.e. an increase in
yield strength after hydrogen charging is observed. This is attributed to the pinning effect
of hydrogen atmosphere to the dislocations and/or impediment of moving dislocations to
cross slip as reported by Oriani and Josephic [229] and also by Wu and Kim [230] in similar
low alloy steels. Relatively insignificant difference in ultimate tensile strength is observed
in both conditions. However, hydrogen charging caused 16 % loss in fracture elongation
(decrease in total elongation from 25 % in uncharged condition to 21 % in hydrogen
charged conditions, see Fig. 6.6). HEI calculated by using equation (1) for the current
material was 39 %. Kong et al. [231] indicated that the value of HEI more than 35 % is an
indication of high HE susceptibility of material with brittle fracture. However, Zhang et
al., [232] reported that the HE susceptibility in pipeline steels must be determined based
on the fracture surface behavior rather than the empirical value of HEI alone. Hence
to investigate the HE susceptibility, fractographic analysis of SSRT fractured specimens
(see Fig. 6.7) is conducted. High magnification revealed deep dimple-like fracture
morphology occurred by microvoids coalescence (MVC) throughout the cross-section
of the uncharged specimen (Fig. 6.7b). However, the hydrogen-charged specimen is
accompanied by the quasi-cleavage type fracture near the surface (Fig. 6.7e) but dimple
dimple-dominated fracture at the center (Fig. 6.7d). This difference in fracture behavior of
hydrogen charged specimen at the center and near to surface is due to the inhomogeneous
hydrogen distribution throughout the cross-section. A combination of hydrogen charging
parameters and specimen thickness employed in the present work resulted in high hydrogen
concentration near the surface, however, hydrogen might have not diffused in sufficiently
high amounts to the middle of the specimen. Careful investigation of the middle part
of both uncharged (Fig. 6.7b) and charged specimens (Fig. 6.7d) reveals that other
than conventional ductile dimples caused by microvoid coalescence, additional very fine
microvoids with relatively poor defined dimples (marked with white arrows in Fig. 6.7d)

are present in hydrogen charged specimen. This locally ductile fine microvoid fracture
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feature is consistent with the HELP mechanism of HE as reported by Robertson et al.
[5]. Moreover, Djukic et al. [16] reported a similar fracture feature (as in Fig. 6.4d) and
supported that at low hydrogen concentration HELP mechanism was dominant, which was
manifested by an increase in locally ductile fine microvoids fracture features as observed

in the present work in the middle of the hydrogen charged specimen.
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Figure 6.6: Tensile curves obtained from SSRT for uncharged and hydrogen charged
samples

The edges of the specimen were under a high concentration of hydrogen; here HELP
HELP-promoted microvoids are followed by a high concentration of hydrogen diffusion
into these microvoids. Due to this high hydrogen concentration in these microvoids, the
cohesive strength of the material gets reduced and thus assists in easy decohesion via the
HEDE mechanism. Quasi cleavages with nearly flat dimples (see Fig. 6.7¢) support this
synergy of HELP and HEDE mechanism under high hydrogen concentration at the edges.
Locations marked with arrows in Fig. 6.7c show the blister’s decohesion from the material
matrix during tensile loading. One such location (marked as ‘I’ in Fig. 6.7c) is magnified
in Fig. 6.7f. Blister crack growth is a discontinuous process i.e. critical pressure buildup
at the trapping site leads blister crack to grow; growth halts every time the pressure
decreases below the critical value until diffusion allows enough accumulation of molecular
hydrogen to continue crack growth [233]. The same can be perceived from the fracture
morphology shown in Fig. 6.7f, containing quasi-cleavage dominated regions consistent
with discontinued advancement of blister crack front due to cyclic pressure build-up.
Hydrogen-induced cracks and blisters (formed due to hydrogen charging and without any
external loading) are near-surface phenomena and their effect is generally been ignored
during the tensile testing. Easy decohesion of hydrogen blister walls from the matrix and
multiple cracks as a result of hydrogen charging (without any external load) can result in a
reduction of effective area sustaining the load during tensile testing. This reduction in the
effective area will lead to the localization of strain due to stress concentration in these areas.
Koyama et al. [234] conducted the 2D digital image correlation (DIC) of dual-phase steels
and reported that the local plastic strain for both the charged and uncharged specimen

was almost identical except for the necking region. From this, the authors concluded that
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hydrogen does not affect in the uniform elongation regime but causes the ductility to
deteriorate mainly in the post-necking regime. A similar observation can be made from
Fig. 6.6 showing uniform elongation but a reduction in fracture elongation after hydrogen
charging in comparison to the uncharged specimen. This means that HE mechanisms
get intensified due to local straining during necking. Hence, it can be concluded that the
localization of strain promoted by blister decohesion can also significantly affect the tensile
properties of the investigated steel. While a direct quantitative measure of the potential
loss in tensile properties caused by blisters cannot be presented here, one cannot disregard
the role that these H-charging-induced blisters and cracks play in affecting mechanical

properties.

6.3.4 Short fatigue crack propagation

In both, hydrogen-charged and uncharged specimen cracks initiated from the notch.
Hydrogen charging resulted in early initiation of crack from the notch i.e. only 77000
cycles were consumed for the crack initiation after hydrogen charging in comparison
to 109500 cycles in the uncharged specimen. Hydrostatic stresses ahead of the crack
tip due to external loading resulted in nearby hydrogen ions diffusing towards the
crack tip and increasing the local hydrogen concentration ahead of the crack tip. This
synergetic action of stresses and high concentration of hydrogen ahead of the notch
decreased the notch strength and caused easy crack initiation during cyclic loading of
hydrogen-charged specimen [196]. Figure 6.8 presents in-situ optical images of short fatigue
crack propagation ahead of the notch in uncharged and hydrogen-charged specimens. In
comparison to the uncharged specimen (Fig. 6.8(a-c)), dramatically different behavior of
crack propagation ahead of the notch after hydrogen charging can be observed in Fig.
6.8(d-f). Other than the microstructure based hydrogen influenced short fatigue crack
propagation (that will be described later in this section), the coalescence of the fatigue
crack with one already existing on the blister wall (see Fig. 6.8(d-f)) is found to alter the
propagation path and rate significantly.

To quantify the influence of the hydrogen atmosphere on the fatigue crack propagation
rate, the number of cycles (N) and corresponding equivalent crack length (a) for the
charged and uncharged specimens were recorded at regular intervals during in-situ fatigue
testing. Here, the term “equivalent crack length” signifies the largest crack in the area
i.e. longest crack made after the coalescence [235]. Figure 6.9a shows the variation
of equivalent crack length ‘a’ with the corresponding number of cycles ‘N’ for both
uncharged and charged specimens. An abruptly unstable crack propagation (between
marked arrows in Fig. 6.9a and marked as BWC in Fig. 6.9b) in hydrogen-charged
specimen corresponds to the rapid increase in crack length due to the coalescence of
fatigue crack with hydrogen-induced blister wall crack.

Moreover, other than the coalescence, the short fatigue crack is found to propagate faster
in hydrogen-charged specimens in comparison to the uncharged specimen. Increased

propagation rate of short fatigue cracks under hydrogen atmosphere without any blister
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Figure 6.7: Fracture surface of (a) uncharged sample; (b) magnified image of marked
location ‘b’ in fig. (a); (¢) fracture surface of hydrogen charged specimen; (d), (e) magnified
images of marked location ‘d and €’ in fig. (c); and (f) fracture analysis at one of the blister
i.e. location ‘f’ in fig. ¢

or hydrogen-induced surface defect can also be inferred from our previously published
work [236]. This fast propagation of fatigue crack in hydrogen charged specimen than in
uncharged specimen (Fig. 6.9a) confirms lesser hindrances by microstructural features
under hydrogen atmosphere [225, 226, 236]. The same can be observed from the
lesser dips/decelerations after hydrogen charging from Fig. 6.9b in comparison to the
uncharged specimen. SEM analysis revealed predominantly slip-mediated transgranular
crack propagation (Fig. 6.10a) in the uncharged specimen. Arrows marked in Fig. 6.10a
show the role of pearlite interface and directional M/A stringers in easy crack propagation

in the uncharged specimen. Crack propagation in hydrogen charged specimen is mixed
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Figure 6.8: Digital microscopic images of intermediate stages of crack propagation in (a-c)
uncharged and (d-f) hydrogen charged specimen. LD: loading direction
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Figure 6.9: Variation of (a) short fatigue crack length ‘a’ with numbers of cycles ‘N’ and
(b) crack growth rate ‘da/dN’ with crack length ‘a’ H: Hydrogen charged

in inter and transgranular. Figure 6.10(b-d) presents the SEM images of the crack path
in hydrogen charged specimen corresponding to the marked locations in Fig. 6.8e and f.
Figure 6.10b is the SEM image of hydrogen charged fatigue tested specimen near to the
location marked by the arrow in Fig. 6.8e. Dotted black arrow in Fig. 6.10b presents the
point of coalescence between the propagating fatigue crack and an already existing crack
on the blister wall.

An important role of M/A islands and inclusions to alter the fatigue crack propagation
path and hence to promote intergranular propagation under the hydrogen atmosphere can
be observed in Fig. 6.10c. Figure 6.10d is the SEM image that corresponds to the location
marked with an arrow in Fig. 6.8f and shows the easy decohesion along the interface
of inclusions (marked with arrows) that altered the propagation path significantly and
accelerated the fatigue crack propagation rate. EDS mapping confirmed the inclusions

mixed in Al-Si-O. From the above observations, it is concluded that the cracking along
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Figure 6.10: SEM image of fatigue crack path ahead of the notch in (a) uncharged
specimen; (b)—(d) hydrogen charged specimen. P: Pearlite, M/A: Martensite/Austenite,
Inc: Inclusion

the inclusion interface is more sensitive to the hydrogen while the crack in the M/A
interface also contributes significantly to the fast propagation rate. Figure 6.11 presents
the fracture surfaces observed after fatigue testing of uncharged and hydrogen-charged
specimens. In the case of the uncharged specimen, the fracture surface is characterized with
typical fatigue ductile striations (indicated by arrows in Fig. 6.11a). The fractographic
analysis is consistent with the observed plasticity-driven slip-mediated transgranular crack
propagation in the uncharged specimen. In the case of hydrogen charged specimen, the
fatigue-fracture surface exhibited a dominated flat quasi-cleavage type fracture. At a few
locations, these flat fracture surfaces are covered by some wider brittle-like striations
(indicated by arrows in Fig. 6.11b); a typical signature of hydrogen-enhanced crack
propagation in such steels [201].

Rios et al., [237] reported reduced frictional stresses along the active slip plane and
weakening of microstructural barriers under hydrogen atmosphere as two major factors

to promote short fatigue crack propagation. Schippl et al. [226] while investigating the
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Figure 6.11: Fatigue fracture surfaces of (a) uncharged and (b) hydrogen charged X65
steel. QC: Quasi cleavage

short fatigue crack growth in metastable austenitic stainless steel reported that hydrogen
pre-charging enhances localized irreversible plastic deformations at the crack tip which
is consistent with the hydrogen-enhanced localized plasticity (HELP) mechanism. Other
than the hydrogen-enhanced localized irreversible deformation, authors also supported
the hydrogen-promoted easy grain boundary cracking which can be easily explained by
the HEDE mechanism. Singh et al. [225] also reported the combined HELP and HEDE
mechanism as a driving force to accelerate the short fatigue crack propagation under the
hydrogen atmosphere. Authors also confirmed the weak resistance offered by the grain
boundaries and microstructural features under hydrogen atmosphere in comparison to
uncharged specimens similar to the Rios et al. [237] and Schippl et al. [226]. Similarly
in the present work, the weakening of microstructural barriers against short fatigue crack
propagation under hydrogen atmosphere was confirmed by lesser decelerations or dips in
comparison to the uncharged specimen (see Fig. 6.9b). Moreover, easy decohesion at
the interfaces of M/A stringers and inclusions due to the trapped hydrogen promoted
intergranular fast fatigue crack propagation. Additionally, the coalescence of propagating
fatigue crack with the hydrogen-induced blister cracking is shown to be an important
feature to assist in easy crack propagation to the equivalent length and hence to promote

overall crack propagation rate significantly.

6.4 Conclusions

This study evaluated the integration of HE and HIC phenomenon toward the mechanical
properties degradation of X65 grade pipeline steel. Electrochemical hydrogen charging
resulted in multiple surface cracks and blister formations. Inclusions mixed in Al-Si-O
appear to be the most potential sites for the formation of hydrogen-induced cracks and
blisters during H-charging (before any external loading). SSRT test accompanied by
fractographic investigations confirmed HELP and HEDE dominated HE mechanisms at
low and high concentrations of hydrogen respectively. Moreover, it is found that the

easy decohesion of blisters during tensile testing can cause localized stress concentration
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to promote HE during SSRT. Through short fatigue crack propagation, it is found that
the presence of hydrogen reduced the number of cycles for initiation of the crack and
accelerated the crack growth rate. Easy decohesion along the inclusions and M /A stringers
facilitated the faster short fatigue crack propagation under the hydrogen atmosphere.
Furthermore, the coalescence of short fatigue crack with the BWC resulted in a rapid
increase in the crack length and significantly reduced the number of cycles for propagation

to the equivalent crack length.
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Chapter 7

Summary and Future Scope

7.1 Summary

The complex interplay between small hydrogen atoms and the intricate microstructural
features of metallic materials presents formidable challenges in accurately characterizing
the site-specific presence of hydrogen. Consequently, comprehending the activated
micro-mechanisms contributing to the overall loss of structural integrity in metals
and alloys under a hydrogen atmosphere becomes an exceptionally intricate endeavor.
The presented work seeks to advance the understanding of hydrogen-assisted material
degradation, which has wide-ranging implications for various engineering applications
and material design. In the current work, the micro-mechanical aspects responsible for
hydrogen-assisted damage in metallic materials are investigated by the utilization of novel
numerical modeling and experimental strategies.

In the first objective of the present work (Chapter 2), a numerical framework to
investigate the hydrogen-assisted deformation and failure scenarios emanating from
the hydrogen-dislocation interaction under the proposition of the HELP mechanism of
HE is developed. In this numerical framework, the dislocation density-based crystal
plasticity model is coupled with a slip rate-based hydrogen diffusion/trapping model
to simulate the two-way effect. In the two-way effect, while hydrostatic stresses
and dislocation density affect the hydrogen redistribution; hydrogen trapped at the
dislocations affects the associated critical stresses, interaction strength of dislocations
on various slip systems, and multiplication/annihilation behavior of dislocations. The
developed modeling framework is implemented using UMAT and UMATHT subroutines
in commercial finite element solver Abaqus. The simulation results reveal that for nickel
material containing weak dislocation-type traps, as investigated in this work, hydrogen
distribution primarily depends on the distribution of hydrostatic stress. Additionally, the
early-stage deformations simulated here validate the hydrogen-induced modifications in
dislocation structures observed experimentally in single crystal and polycrystalline nickel.
Furthermore, the simulation results demonstrate that the HELP mechanism can induce
macroscopic softening and/or hardening due to a trade-off between the hydrogen-induced
weakening of dislocation interactions and the increase in dislocation density caused by
hydrogen. This chapter highlights the role of the HELP mechanism and suggests the
possibility of additional mechanisms, such as HEDE, being required to explain early
failures of Nickel material under a hydrogen atmosphere.

In the second objective, an oligocrystal approach is employed for the first time
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to investigate the impact of hydrogen on the transition in fracture mode, shifting
from ductile transgranular to brittle intergranular. In this objective, experimentation
(Chapter 3 and Chapter 4) and numerical modeling (Chapter 5) are employed
to investigate the HE-induced IG fracture of commercially available pure nickel
(Nickel-201). In experimentation, different types of oligocrystals (i.e. True-oligocrystals,
Quasi-oligocrystals, Identical-oligocrystals, and Bi-crystals) encompassing different types
of microstructures (in terms of grains and grain boundaries) are developed by the
combination of heat treatment and slicing method. These oligocrystal tensile samples
in uncharged and H-charged conditions are then deformed at variable strain rates. In
the second part of this objective, a finite element framework comprising a Crystal
Plasticity-Phase Field Fracture model is used to simulate the macroscopic tensile response
and corresponding microscopic fracture evolution behavior for uncharged and H-charged
oligocrystals.  This coupled modeling framework is implemented in Abaqus using
the UMAT and UEL subroutines. This study emphasized the substantial impact of
microstructure on susceptibility to hydrogen embrittlement. Specifically, it was observed
that low-angle grain boundaries (LAGBs) and CSL (Coincident Site Lattice) X3 grain
boundaries exhibit resistance to hydrogen embrittlement, whereas random high-angle
grain boundaries (RHAGBs) were found to be the most susceptible sites to hydrogen
embrittlement. Moreover, the experimental results highlighted that the dynamic hydrogen
redistribution (driven by stresses and mobile dislocations) and HELP-mediated localized
accelerated dislocation activities are not necessary factors in causing IG fracture for
the observed oligocrystals. In this study, the experimental results, corroborated by
numerical simulations, suggest that intergranular (IG) fracture in hydrogen-charged
oligocrystals results from the hydrogen trapped thermo-dynamically prior to deformation,
which causes a significant reduction in fracture energy exclusively at the RHAGBs.
Furthermore, the results provided validation that the primary function of plasticity prior
to hydrogen-induced intergranular (IG) fracture is to induce work hardening, effectively
increasing stress and stored energy levels to a critical threshold at the hydrogen-susceptible

random high-angle grain boundaries (RHAGBs).

The third objective (Chapter 6) of this thesis work is dedicated to investigating the
H-assisted degradation of pipeline steels. In addition to the complex multi-phase
microstructure, one of the uncertainties associated with analyzing the H-assisted damage
of pipeline steel material is its high susceptibility to hydrogen-induced cracking (HIC) in
addition to hydrogen embrittlement. To comprehend the micro-mechanics of H-assisted
damage in X65 grade pipeline steels, this work investigates the effect of hydrogen by using
tensile testing and a short fatigue crack growth framework. Tensile test accompanied by
fractographic evidence confirmed HELP and HEDE-dominated HE mechanisms at regions
dominated by low and high concentrations of hydrogen, respectively. Furthermore, the
easy decohesion of blisters (formed during H-charging) during tensile testing is expected
to result in localized stress concentration, thereby promoting the activation of hydrogen

embrittlement (HE) during tensile deformation. Through a short fatigue crack framework,
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it is found that the presence of hydrogen in microstructure not only reduces the number of
cycles for crack initiation but also accelerates crack growth. Moreover, the easy decohesion
along the inclusions and M/A stringers facilitates faster short fatigue crack propagation
under the hydrogen atmosphere. Coalescence of the short fatigue crack with the blisters
resulted in a rapid increase in the crack length and reduced the number of cycles for
propagation to the equivalent crack length. These results led to the conclusion that the
presence of H-induced blisters (developed during the H-charging process prior to loading)

can indeed accelerate the loss of structural integrity during external loading.

7.2 Scope for future studies

The possible immediate extensions of the current work for the future include:

e Development of coupled computation framework comprising crystal plasticity,
phase field fracture, and hydrogen transport model to study the hydrogen-induced

blistering phenomenon and the effect of hydrogen on short fatigue analysis.

e Application of novel identical oligocrystal framework for investigating the effect of

various microstructural parameters and loading conditions on fatigue behavior.

o Experimentation using combined in-situ H-charging, digital image correlation (DIC)
analysis, and atomic force microscopy (AFM) for oligocrystal samples to develop
a deeper understanding and henceforth to calibrate crystal plasticity models more

accurately.
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Chapter A

Appendices

A.1 Appendix-I

The interaction matrix for FCC is given below, where A2, A3, A6, B2, B4, B5, C1, C3,
C5, D1, D4, D6 are the considered slip systems as per Schmid and Boas notation. A,
B, C and D corresponds to (111),(111),(111), and (111) slip planes, whereas integers 1
to 6 are representing [011], [011], [101],[101][110] and [110] slip directions, respectively [69)].

A2 A3 A6 B2 B4 B5 Cl1 €3 C5 D1 D4 D6

A2 ap al aq as a4 a4 a a4 as a9 as a4
A3 ao aq aq a9 as aq as a4 as a9 a4
A6 ag a4 as a9 as [e7} as a4 a4 as
B2 ag al al as as aq as aq as
B4 ao ai as as a4 ay as aq
B5 ag a4 [¢7} as as a4 an
C1 ao al al as as a4
C3 an aq (o7} a9 ay
C5 ap a4 as as
D1 ao ay a1
D4 ao al
D6 ap
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A.2 Appendix-II

The summary of governing equations and boundary conditions for the coupled
displacement-diffusion problem solved in Chapter 2 is as follows,
1. The equation of local macroscopic force balance in a quasi-static state and in the

absence of body forces is,

V.o=0 in Q (A1)

where, o is the Cauchy stress tensor obtained using push forward approach as o =

'F SFT, with S(= C¢ : E°) as the second Piola stress tensor. Denoting, 99, and
aﬂt as complementary segments of the boundary 99 of Q in the deformed configuration
such that 99, U9, = 9Q and 99, NI = (. Then for a time interval of ¢ € [0,77], a pair
of boundary conditions in which the displacement w is specified on 99, and the surface

traction on 9 are considered as,

u=1u on 99, x [0,T] (A.2)

=t on 9Q; x [0,T] (A.3)

where, n is the outer normal to the boundary 0f2.

2. The equation for the balance of hydrogen concentration is,

(1 + Z 0ct > X v (pver)+v. (—DLCLVH VUH)

acy | "ot RT
+Z( o ON7 6pa|>—0m Q

Denoting, the 0Q¢, and 0€; be the complementary segments of 9Q such that 0Q¢, U
0Q; = 0Q and 0Q¢, N9 = 0. A pair of boundary conditions considering the lattice

hydrogen concentration specified on 9Q¢, and the lattice hydrogen flux on 9Q; are

(A.4)

considered as,
Cr = C_'L on 6QCL X [O,T} (A.5)

Jn=j on JQ; x [0,T] (A.6)

Details regarding the implementation of the coupled displacement-diffusion problem by
using UMAT and UMATHT subroutines in Abaqus can be found in [18, 21, 76, 124].
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A.3 Appendix-1II
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Figure A.1: Evolution of accumulated slip during deformation of single crystal oriented
for multi-slip (a) without hydrogen (No-H), and with hydrogen for (b) Case 1, and (c)
Case 2. Note that in these figures, there is overlap between the active slip systems (i.e.,

D1 is overlapped with B2, A2 is overlapped with C1, and A3, B4, C3, and D4 overlap
with each other).
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systems at the end of deformation for

single crystal with multi-slip orientation for without (No-H) and with hydrogen (Case 1

and Case 2)
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A.4 Appendix-IV

The summary of governing equations and boundary conditions for the coupled
displacement-phase field fracture problem solved in Chapter 5 is as follows,

1. The equation of local macroscopic force balance in a quasi-static state and in the
absence of body forces is,

V.o =0 in Q (A7)

where, o is the Cauchy stress tensor obtained using push forward approach as o =
J¢ 'F.SFT, with S = (¢(¢)C¢ : E°) as the second Piola stress tensor. Denoting, 98, and
0 as complementary segments of the boundary 92 of € in the deformed configuration
such that 9Q,, U9 = 9Q and 9Q, NI = (. Then for a time interval of ¢ € [0, 7], a pair
of boundary conditions in which the displacement w is specified on 9, and the surface

traction on 9€Q; are considered as,
u=1u  on I, x [0,T] (A.8)

on=t on 9 x[0,T] (A.9)

where, n is the outer normal to the boundary 9.

2. The balance equation for the phase-field fracture parameter is,

oy oYP
<<0;'5$>2w41@>+m%¢+m%@vad—0 (A.10)

Denoting the 9€Q4 and 9€¢ as the boundary 9€Q of €2 such that 9y U 0§ = 9 and
Iy N0 = 0. The boundary conditions for the evolution of ¢ are:

¢=0¢ ondQy x[0,T] (A.11)

V¢-n=0 ondQ x[0,T] (A.12)

Details regarding the implementation of the staggered algorithm in Abaqus using UMAT
and UEL subroutines can be found in [158, 186].
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